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Introduction, problem statement and work objectives 
1.1 Introduction 
In the light of continuously growing energy demand oil and natural gas is estimated to 
become the primary target fuels for energy generation, [1]. However since the remaining 
accessible resources are primarily located in deep wells and particularly those in deep-
water, oil and gas extraction is going to become increasingly demanding in the coming 
years, [2]. Compared to shallow wells with approximate depth of 1500 m, deep wells are 
highly corrosive and contain highly aggressive gases such as hydrogen sulfide and carbon 
dioxide, as well as halide ions like chlorides and bromides or sometimes even elemental 
sulphur, [3]. In addition, different levels of corrosive conditions are compounded by tem-
peratures up to 260 °C and pressures up to 170 MPa, [2]. Taking into account the hardly 
predictable complex mechanical stress conditions, comprised of torque, tension, compres-
sion and bending stresses, the potential for catastrophic failures in deep well due to the 
stress corrosion cracking (SCC) or sulfide stress cracking (SSC) is a serious concern, [2], 
[4], [5]. According to the failure cases reports, a drill string failure happens, on average, 
one out of every seven drilling operations, causing more than $100,000 of additional ex-
penses per failure event, [6].  
The National Association of Corrosion Engineers (NACE)-specification MR 0175 [7] pro-
vides with assistance for the appropriate material selection for a particular set of well con-
ditions according to the following criteria, [2]: 
 Mechanical properties, 
 General corrosion resistance, 
 Pitting and crevice corrosion resistance, 
 Chloride stress corrosion cracking resistance, 
 Sulfide stress corrosion cracking resistance. 
A final material choice for a specific application is usually made in agreement with this 
standard under consideration of the material price and availability.  
Unlike the other corrosion resistant alloys used for the deep-sea wells in the oil and gas 
industry, the precipitation-hardened (PH) alloy 718 is one of the worldwide most largely 
produced material, available in a wide range of diameters, [3]. This material combines the 
good weldability with excellent mechanical and corrosion-resistance properties over a 
broad range of temperatures, [8]. In addition, its low magnetic permeability enables the 
application of alloy 718 in measurement-while-drilling applications, where the magnetic 
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surveying is used for the well orientation measurements, [9]. 
Large body of the experimental research in the last two decades revealed an undoubtable 
correlation between the corrosion and embrittlement characteristics of nickel-base alloys 
and their microstructure, [9], [10], [11], [12]. Therefore, a careful choice of the chemical 
composition and the suitable heat treatment procedure would result in a significant im-
provement of the overall material performance. 
1.2 Problem statement 
Due to the strong correlation between the physical metallurgy of the alloy 718 and its 
overall performance, the major effort in the material development of the last few decades 
was undertaken to define the parameter window concerning chemical composition and 
heat treatment procedures to achieve the optimal material properties under oil and gas 
applications conditions, [13], [14], [15], [16]. Based on the results of comprehensive ex-
perimental research, some limitations regarding the acceptable microstructure appearance 
were introduced in the API standard 6ACRA, [17]. According to this specification the ma-
terial microstructure shall be free from continuous grain boundary networks of secondary 
phase particles, which are considered as brittle. Examples of the materials with acceptable 
and unacceptable microstructures are given in Figure 2. 
 
(a) (b) 
Figure 1: a), b) light optical micrographs of the acceptable microstructure of alloy 718 with 
isolated grain boundary delta phase with x100 and x500 magnification respectively 
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(c) (d) 
Figure 2: c), d) light optical micrographs of the unacceptable microstructure of alloy 718 due to 
the level of acicular delta phase on the grain boundaries with x100 and x500 magnification re-
spectively adopted from [17] 
 
The regulations of the manufacturing process also concerned the hardness of the material, 
which was considered to indicate the possible hazard potential of the material susceptibil-
ity against SCC and SSC or hydrogen embrittlement (HE). Originally, the material hard-
ness was restricted to the maximum of 35 HRC for sour service application. However, later 
it was found that the same level of yield strength could be obtained at a consistent basis 
with a hardness of 40 HRC and the specification NACE MR0175 was updated, [9]. 
Although the testing procedure for the material qualification, defined in NACE MR0175 is 
seen as rather aggressive and conservative, some failure cases of the materials, approved 
according to this specification, were reported in the last decades, [3]. This and the fact 
mentioned above clearly indicate a gap between the current concept of the failure mech-
anism and the processes occurring during service.  
1.3 Objectives 
The primary focus of this research work is to define the interactions between the micro-
structural peculiarities of the material and complex collective of damage mechanisms lead-
ing to its degradation. 
Due to the complexity of the alloy 718 physical metallurgy, the systematical study is nar-
rowed to the impact of the heat treatment procedure variations on the material properties. 
Therefore, the influence of the chemical composition and the homogenization during the 
solution annealing is not taken into account.  
Additionally to the characterization of the material microstructure and its alteration due 
to the differences in the heat treatment regimes, a closer look is given to the evaluation of 
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the microstructure dependent material properties regarding the resistance to localized cor-
rosion, hydrogen embrittlement and hydrogen permeability. Collected experimental data 
are employed for the elaboration of a model for reliable description of service relevant 
damage governing processes and their interactions.  
Based on the obtained findings suggestions about future improvements of the processing 
route are made aiming for beneficial microstructural features for the required mechanical 
and corrosion performance, and hence longer service life of drilling components manufac-
tured from the alloy 718. 
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2 State of the art 
Alloy UNS N07718 (alloy 718) is a complex nickel base precipitation hardened super alloy, 
which was developed in the 1960’s for gas turbine engine applications, [18]. Addition of 
alloying elements such as aluminum, titanium, and niobium leads to the formation of 
strengthening secondary intermetallic phases. Due to the high chromium content, the ma-
terial found its use in the corrosion challenged environments, such as oil and gas industry. 
Nowadays it is one of the most demanded nickel base alloys with a production share of 
80%.  
The material manufacture procedure is regulated by the international standard API 6ACRA 
(see Chapter 2.1.1), which defines the variation limits for the material chemical composi-
tion, temperature range and duration of aging treatment. Slight deviations of these pa-
rameters lead to significant differences in the material microstructure, altering the mate-
rial performance. Thus, understanding of the processes governing the secondary phase 
precipitation and their impact on the mechanical and electrochemical behavior of the ma-
terial is obligatory for the material improvement. 
2.1 Microstructure of alloy 718 
Nickel base alloy 718 with its face-centered cubic (fcc) matrix has an austenitic micro-
structure. Light microscopic micrograph in Figure 3 represents a typical morphology for 
this material, including twin boundaries (TB) and carbide groups, which could be observed 
both decorating the grain boundaries and within the grain. 
 
Figure 3: Light optical micrograph of the typical microstructure of alloy 718, adopted from [19] 
 
TB 
(Ti, Nb)N,C 
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2.1.1 Standard API 6ACRA 
API Standard 6ACRA defines the minimum requirement to the material microstructure 
according to the existing experience in the material application, [20]. The standard de-
mands the average grain size of ASTM 2 or finer, which should be determined in accord-
ance with ASTM E112 [21]. The acceptance criteria include the absence of the continuous 
networks of secondary phases along grain boundaries or other unusual microstructural 
features. No laves phase and no acicular delta phase precipitations are allowed except for 
the individual cases, which are not representative of the bulk of the microstructure. Mate-
rial production should include two-step-aging procedure, including the solution annealing 
and age hardening. Recommended temperature window for the solution annealing is from 
1021 °C to 1052 °C for 1-2.5 hours. Prior to the aging step, the material should be cooled 
in air, water or oil to ambient temperature. Age hardening is performed at a material 
temperature of 774 to 802 °C for 6-8 hours followed by air cooling to ambient temperature. 
The standard also requires an implementation of several material tests, such as hardness 
(32 to 40 HRC are allowed), tensile testing and standard Charpy notch impact toughness 
measurements. The requirements for the material microstructure are limited to the con-
formity of the light microscope micrographs, giving an example of the accepted micro-
structure. 
2.1.2 Intermetallic phase precipitations in nickel base alloy 718 
Complex chemical composition of the alloy 718 enables the precipitation of following in-
termetallic phases: gamma prime (𝛾′), gamma double prime (𝛾′′), delta (𝛿), carbonitrides 
M(C,N), and Laves. An overview of their structure, stoichiometry and location is given in 
Table 1.  
Table 1: Intermetallic Nb-containing secondary phase precipitation in alloy 718 according to [22] 
Phase Structure Stoichiometry Location 
𝛾′ L12 𝑁𝑖3(𝐴𝑙, 𝑇𝑖, 𝑁𝑏) Matrix 
𝛾′′ DO22 𝑁𝑖3(𝐴𝑙, 𝑇𝑖, 𝑁𝑏) 
Matrix, grain 
boundaries 
𝛿 DOa 𝑁𝑖3𝑁𝑏 Grain boundaries 
Carbonitrides Cubic (Ti,Nb)(C,N) 
Matrix, grain 
boundaries 
Laves C14 (𝐹𝑒, 𝐶𝑟)2(𝑇𝑖, 𝑁𝑏) Grain boundaries 
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The limitations of temperature for the heat treatment procedures given in API 6ACRA [20] 
prohibit the precipitation of the Laves phase. Therefore, they will not be taken into account 
in this work. The typical appearance of the secondary phase precipitations on SEM micro-
graphs can be gained in Figure 4. 
 
Figure 4: Secondary phase precipitates of nickel alloy 718 b) – adopted from [23] 
The formation of carbonitrides occurs during the solidification of the material ingot. Minor 
amounts of carbon and nitrogen, which are presented in the melting as inevitable impuri-
ties, bond with titanium and niobium, well-known for their relatively high affinity to these 
elements [24]. The solvus temperature of carbonitrides (1218 °C) is significantly higher 
than the solvus temperature of 𝛾′(908 °C), 𝛾′′ (960 °C) and 𝛿  (1000 °C). Therefore, no 
changes in the morphology of carbonitrides is expected during aging in the temperature 
range recommended in API-Standard API 6ACRA, [20].  
Detailed study of the material microstructure variation in regards to the heat treatment 
conditions showed that 𝛾′, 𝛾′′ and 𝛿 are the only phases precipitating during the age hard-
ening in the range from 500 to 1000 °C for 6 to 8 hours, [20]. Therefore, this work is 
primarily dedicated to 𝛾′, 𝛾′′ and 𝛿 phase and their impact on the material corrosion per-
formance. The complex thermodynamic process of the secondary phase precipitation is 
schematically described via time-temperature transformation (TTT) diagrams, Figure 5.  
a) b) 
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Figure 5: TTT diagram for nickel alloy 718 adopted from [20] 
 
Secondary phase precipitations 𝛾′, 𝛾′′ and 𝛿 are based on the Ni3X stoichiometry but pos-
sess different ordered structures: L12, DO22, and DOa, respectively, Figure 6. The body-
centered-tetragonal structure of the 𝛾′′ phase can be equated to two stacked fcc 𝛾′ phases, 
[24]. Detailed review on each of them will be given in the following chapters.  
 
Figure 6: Unit cells of 𝛾′, 𝛾′′ and 𝛿 precipitations adopted from [25] 
 
2.1.3 Gamma prime and gamma double prime precipitations 
Gamma prime and gamma double prime (𝛾′𝑎𝑛𝑑 𝛾′′) are the phase precipitations which 
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contribute to the material strength. Their strengthening effect is mainly achieved due to 
the coherency strains on the 𝛾/𝛾′ and 𝛾/𝛾′′ interface via its effect on APB energy in dislo-
cation cutting, [24], [26], [27]. In comparison to other precipitation hardened nickel base 
alloys, the volume fraction of this precipitates are rather small: ca. 4% for fine dispersed 
spherical or cubical 𝛾′ precipitates (Ni3(Al, Ti)) and up to 13% for the 𝛾′′ phase, [28]. Be-
ing mainly observed in a disc-shaped form, 𝛾′′  phases reveal (001)𝛾||{001}𝛾  and 
[100]𝛾||〈100〉𝛾 orientation to the matrix. With the estimated lattice misfit of about 0.407% 
for 𝛾′, [29], and 2,5% and 0,8% normal and parallel to the disc plane for 𝛾′′ phase respec-
tively, [30], they are considered to be coherent to the 𝛾 matrix. The precipitation character 
of the 𝛾′′ phase is believed to be dependent on the 𝛾′ precipitation kinetic [31]. Both aging 
time and temperature influence the size and volume fraction of the intermetallic precipi-
tations. Another major factor of influence on the precipitation kinetic is the chemical com-
position of the material. Among all the chemical elements, the concentration of niobium 
was found to make the greatest impact on the precipitation of the 𝛾′′ phase, [24], [32]. 
However, it was shown that the observed volume fractions exceed the theoretically pre-
dicted values. This discrepancy could be explained by the assumption that the 𝛾′′ precipi-
tates could be formed with other alloying elements, such as molybdenum and titanium 
[26]. The nucleation of the 𝛾′ precipitates takes place mainly during cooling and/or heat-
ing to the isothermal annealing temperature, [33]. The earlier formation of the metastable 
𝛾′ and 𝛾′′ phases in comparison to the 𝛿 phase has been attributed to the difference of the 
lattice mismatches, which are weaker in the case of 𝛾/ 𝛾′ or 𝛾/ 𝛾′′ interfaces in comparison 
to 𝛾/ 𝛿 interface, [34]. At low aging temperature, 𝛾′′ precipitates can nucleate on 𝛾′ pre-
cipitates, [25]. Several studies on the precipitation kinetics of the 𝛾′ and 𝛾′′ phases em-
phasize their co-location, [35], [36], [37], [38], [31]. That means that 𝛾′′ phase would 
precipitate on the 𝛾/𝛾′ interface. Isothermal coarsening of 𝛾′′ precipitates is in accordance 
with the theory of diffusion-controlled growth. The coarsening of the 𝛾′′ phases at a given 
temperature is proportional to the cube root of the aging time, [31], and can be written 
as follows, (1): 
𝑑3 = 1.8 ∙ 10−21𝑡, 𝑖𝑓 𝑡 < 1.44 ∙ 104𝑠 
(1) [39] 
𝑑3 = 25.49 ∙ 10−21𝑡 − 127.44 ∙ 10−21, 𝑖𝑓 𝑡 > 1.44 ∙ 104𝑠 
Where d is the particle length and t is the aging time.  
  
 
10    State of the art 
At sufficient aging times (1) 𝛾′ and 𝛾′′ precipitates undergo the encounter process, i.e. co-
alescence of two or more neighboring particles, [40]. The coarsening of the particles leads 
to the loss of the coherency for the particles with the mean diameter above 50 nm, [25], 
[26], [41], [42], Figure 7. Loss of coherency should in turn correlate with the material 
hardness, [33]. 
 
Figure 7: Correlation between the coherency of the 𝛾′′ precipitation and its diameter, adopted from 
[26] 
Phase precipitations cause a redistribution of the alloying elements. Energy dispersive X-
ray spectroscopy (EDX) line-scans of 𝛾′/𝛾 interface show enrichment in Al, Ti, Nb and Ni 
inside of the 𝛾′, but almost no Cr and Fe, indicating the migration of this alloying elements 
out from the precipitation zone, [43]. Outside of the precipitation zone, the concentration 
of Nb, Al, and Ti shows a strong declination. Similarly, 𝛾′′ precipitations were character-
ized by the increasing contents of Nb and Ni, whereas Cr and Fe were found to partition 
to the 𝛾 matrix, [38], [44].  
  
Devoux et al. [26] 
M. Chaturvedi [41] 
C.Slama [42] 
H. Sundaraman et al. [25] 
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2.1.4 Delta phase precipitates 
Thermodynamically stable 𝛿  phase is a semi coherent orthorhombic phase (D0a) with 
Ni3Nb stoichiometry, Figure 6. It can be observed on the SEM micrographs in a form of 
plates or cells decorating the grain boundaries. In cases of overaged material, they may 
also appear within the grain or in form of globular precipitations on the grain boundaries, 
Figure 4. However, since the macroscopic observation of the 𝛿 phase is usually performed 
by means of two-dimensional SEM micrographs, this might be a result of the 𝛿 phases 
protruding to the grains interiors and being intersected by the cut, [45]. 
Some authors suggest that this precipitates might be formed due to excessive strains de-
veloped by large lattice misfit between the 𝛾 and the 𝛾′′ phase, [46]. The nucleation of the 
𝛿 phase precipitation is observed throughout the aging process: fresh 𝛿 nucleation keeps 
up even when the first generation precipitates had grown considerably, [25]. Since nucle-
ation of 𝛿 phase must consume a certain amount of niobium, its precipitation decreases 
the niobium concentration near the grain boundary. As the niobium is also the main for-
mation element of 𝛾′′, its depletion around the 𝛿 phase would reduce the amount of the 
𝛾′′ in the areas adjacent to the 𝛿 precipitations. Indeed, the presence of 𝛾′′ phase denuded 
areas in the vicinity of the 𝛿 precipitations was reported by several authors, [25], [45]. 
These 𝛾′′ phase depleted zones are believed to be more ductile than the surrounding ma-
trix and therefore assumed to make an important contribution to the micromechanisms of 
intergranular crack propagation, [47], [45]. Atom probe tomography measurements on 
the 𝛿 phase embedded into the 𝛾 matrix revealed segregation of boron and phosphorus to 
the region of matrix/precipitation interface, [44]. Alike 𝛾′′  precipitates, niobium was 
found to partition to the 𝛿 phase, resulting in its depletion from the adjacent areas, [30]. 
When precipitated on grain boundaries the angle of the plates ranges from parallel to 
orthogonal, while for twin boundaries the precipitates are most frequently found fully or 
near-parallel with the twin boundary, [45]. Further, 𝛿 phase precipitates are also assumed 
to be responsible for the serration of the grain boundaries, Figure 8-d. The observed cur-
vatures in the grain boundary in the presence of 𝛿 phase are attributed to the remaining 
attachment of the parent grain to one of the sides of the growing 𝛿 phase, [48]. Similar 
effect was observed by Ping et al., [49], for 𝛾′′ precipitates at the grain boundary, Figure 
8-a, b and c. 
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Figure 8: Serration of the grain boundary by the secondary phase precipitations: 
(a) TEM bright field micrograph showing a gamma matrix grain boundary, which is free of any 
large precipitates, with a serrated grain boundary morphology. The image was taken with the 
electron beam parallel to the ⟨110⟩𝛾 direction, adapted from [49]; (b) The selected area electron 
diffraction pattern from the lower grain with a dark contrast, adapted from [49]; (c) A high reso-
lution TEM image from the boundary region, adapted from [49]; (d) TEM bright field image show-
ing plate-like 𝛿 phase precipitates at grain boundary, adapted from [45]. 
In summary it can be said that since the nucleation of the secondary phase precipitations 
(𝛾′ + 𝛾′′ and 𝛿) is aligned with both material strength and distribution of the alloying ele-
ments, interdependency of the precipitation nucleation processes is expected to result in 
the variation of the mechanical and corrosive behavior of the material, produced according 
to the API 6ACRA.  
2.2 Mechanisms of hydrogen evolution and transport 
The offshore oil and gas environments are usually highly corrosive due to the presence of 
brine electrolytes, hydrogen sulfide (H2S) and carbon dioxide (CO2) gases and wide ex-
tremes of temperature and pressure, [50]. Both CO2 and H2S gases dissolved in aqueous 
electrolyte can become the source for atomic hydrogen (2), [51].  
 
𝐶𝑂2 + 𝐻2𝑂 ↔ 𝐻2𝐶𝑂3 (2-1) 
𝐻2𝐶𝑂3 ↔ 𝐻
+ + 𝐻𝐶𝑂3
− (2-2) 
𝐻𝐶𝑂3
− ↔ 𝐻+ + 𝐶𝑂3
2− (2-3) 
d 
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𝐻2𝑆 ↔ 𝐻2𝑆𝑎𝑑 (2-4) 
𝐻2𝑆𝑎𝑑 + 𝑒
− → 𝐻𝑎𝑑 + 𝐻𝑆𝑎𝑑
−  (2-5) 
𝐻𝑆𝑎𝑑
− + 𝐻+ → 𝐻2𝑆 (2-6) 
𝐻𝑎𝑑 + 𝐻𝑎𝑑 → 𝐻2 (2-7) 
 
At the same time, hydrogen can be produced as a byproduct of the cathodic corrosion 
reaction occurring on the metal surface, (3) [52]. 
 
𝑛𝐻+ + 𝑛𝑒− →
1
2
𝑛𝐻2, (𝑝𝐻 < 5.5) (3-1) 
𝑛𝐻2𝑂 + 𝑛𝑒
− → 𝑛𝑂𝐻− +
1
2
𝑛𝐻2, (𝑝𝐻 ≥ 5.5) (3-2) 
 
Hydrogen evolution reaction is followed by one of the two following processes, [53]: elec-
trochemical desorption reaction also known as Volmer-Heyrovsky reaction (4-1) and 
chemical desorption reaction or Tafel reaction (4-2).  
 
𝐻𝑎𝑑𝑠 + 𝐻2𝑂 + 𝑒
− ⇄ 𝐻2 + 𝑂𝐻
−, (𝑒𝑙𝑒𝑐𝑡𝑟𝑜𝑐ℎ𝑒𝑚𝑖𝑐𝑎𝑙 𝑑𝑒𝑠𝑜𝑟𝑝𝑡𝑖𝑜𝑛) (4-1) 
𝐻𝑎𝑑𝑠 + 𝐻𝑎𝑑𝑠 ⇄ 𝐻2, (𝑐ℎ𝑒𝑚𝑖𝑐𝑎𝑙 𝑑𝑒𝑠𝑜𝑟𝑝𝑡𝑖𝑜𝑛) (4-2) 
In acidic electrolyte solutions hydrogen adsorption mechanism can occur in a single step 
according to the direct hydrogen entry model, [54], [55]. 
Adsorbed hydrogen can be solved in metallic structures by the interstitial solution mecha-
nism, [56]. Dependent on the lattice type atomic hydrogen occupies either octahedral or 
tetrahedral sites, Figure 9. 
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Figure 9: Interstitial sites (octahedral (O) sites and tetrahedral (T) sites) in fcc, hcp and bcc lattice 
adapted from [56] 
 
Hydrogen tends to occupy octahedral sites in case of fcc lattice, whereupon tetrahedral 
sites are more attractive for hydrogen in materials with hcp and bcc lattice types. In the 
metal crystal structure hydrogen diffusion takes place by hopping of hydrogen atoms from 
one unoccupied interstitial site to another, [56]. Analytically this process is described by 
1st and 2nd Fick’s laws (5) and (6), [57]. 
 
𝑗(𝑥, 𝑡) = −𝐷
𝜕𝐶(𝑥, 𝑡)
𝜕𝑥
 (5) 
𝜕𝐶
𝜕𝑡
= 𝐷
𝜕2𝐶
𝜕𝑥2
 (6) 
Here j is hydrogen flux, x and t – coordinate and time, respectively, C – hydrogen concen-
tration and D is the diffusion coefficient, given in m²/s. The diffusion of hydrogen is a 
thermodynamic process which means that a certain activation energy value needs to be 
exceeded for the transition of hydrogen between the two interstitial sites, [56] and follows 
an Arrhenius law (7), [11]: 
 
𝐽 = 𝐽0 exp(−𝐸𝑝 𝑘𝑇⁄ ), (7) 
Where J is permeability, J0 is the preexponential factor, Ep is the activation energy neces-
sary for the diffusion process, k is the Boltzmann constant and T is the temperature. Crystal 
defects, such as grain boundaries, dislocations, pores, vacancies or lattice distortions due 
to the intermetallic inclusions lead to the increase of the activation energy value. Thus, an 
increase of hydrogen concentration is expected in the vicinity of this defects (also called 
trapping sites). These trapping sites can be categorized into two main groups regarding 
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their binding energy (activation energy which is necessary for hydrogen to escape the 
trapping site): strong (irreversible) and weak (reversible) traps, [58]. The amount and 
type of hydrogen trapping sites is observed to have a certain impact on the hydrogen em-
brittlement susceptibility [59], [60]. Additionally to the lattice hydrogen diffusion, a large 
experimental evidence supports the theory of hydrogen transport by moving dislocations, 
[61], which was proposed by Tien et al in 1976, [62]. According to this theory hydrogen 
would surround a moving dislocation in the form of a so-called Cottrell atmosphere, [63]. 
Similarly to the lattice diffusion, hydrogen transport by dislocations is also a temperature-
dependent process. It was experimentally observed that hydrogen cannot follow the dislo-
cations at temperatures lower than 150 K, [64]. On the other hand, at higher tempera-
tures, hydrogen diffusion rate would exceed the dislocation velocity. It is probably caused 
by this temperature dependency that the highest HE susceptibility is observed at room 
temperatures, [65], [66]. 
 
2.3 Mechanisms of stress corrosion cracking 
Stress corrosion cracking (SCC) is the initiation and propagation of cracks in high strength 
metals which is caused by the combined action of a corrosive environment and a tensile 
stress, [67]. This definition implies that normally ductile materials would fail in an essen-
tially brittle manner at relatively low stresses when exposed to certain environments, [68]. 
The kinetics of SCC depends on the chemical and metallurgical state of the material, such 
as its chemical composition, thermal condition, grain size, presence of secondary phases 
precipitates etc., [69]. Of the same importance however are the environmental factors 
(environment chemical composition, temperature, pressure, pH etc.) and the stress state 
(uniaxial, triaxial etc.), [69]. Depending on the chemical composition of the alloy and 
environment, SCC may appear in intergranular (IG) or transgranular (TG) form, [69]. The 
diversity of the SCC related failures impedes the elaboration of a unique model, which 
would describe the mechanism of this phenomenon. It is assumed that the material deg-
radation occurs according to one of the following models [68]: 
 Oxide film-induced cleavage 
 Preferential dissolution model 
 Hydrogen embrittlement 
 Localized surface plasticity 
In the models for SCC based on oxide film-induced cleavage, the passive film is consid-
ered to be intact along the crack surface and to rupture only in a relatively small region of 
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sufficiently large strains. The passive film is regarded as a dimensionless brittle scale cov-
ering the metal surface. The fracture process is accounted from the fracture mechanical 
perspective and any synergy between the surface deformation and the corrosion processes 
is not concerned, [70].  
The model of preferential dissolution assumes the onset of the local corrosion processes, 
such as pitting, to be the nucleation stage of the crack initiation, [71]. According to this 
model, the corrosion defects produced as a result of the interaction of a sliding band with 
a passive layer, expand sideways under mechanical stress and lead to the formation of a 
feathery fracture structure. 
Hydrogen embrittlement (HE) is vastly considered to be one of the possible failure mech-
anisms causing environmental stress corrosion cracking, [7], [72], [73], [74]. It is usually 
manifested by a permanent loss of ductility in a metal or alloy, caused by absorption of 
hydrogen in combination with stress, either an externally applied or an internal residual 
stress, [75]. Since its discovery at the end of the 19th century, this phenomenon was a 
subject of an intensive research work. Numerous mechanisms, which were elaborated to 
explain the detrimental effect of hydrogen include: pressure theory, HEDE (hydrogen-en-
hanced decohesion), adsorption theory, HELP (hydrogen-enhanced localized plasticity), 
hydrogen and deformation assisted vacancy production, hydrogen-triggered ductile to 
brittle transition, hydrogen formation and cleavage, hydrogen- and strain induced phase 
transformation, and reactants with hydrogen. Detailed review of the mechanisms is given 
by Robertson and coworkers, [76]. Extensive experimental investigations on superalloy 
718 account the HEDE, HELP and the vacancy production to be the main competing mech-
anisms of material degradation, [77], [78], [79], [80]. Therefore, this work mainly focuses 
on these mechanisms.  
The HEDE mechanism assumes the accumulation of hydrogen at various trapping sites 
such as metal atoms in lattice (Figure 10-1), its accumulation at dislocations in front of 
the crack tip (Figure 10-2), carbides (Figure 10-3), and other lattice defects such as grain 
boundaries, intermetallic precipitates etc., and resulting reduction of interatomic bonds. 
This then leads to decohesion rather than dislocation slip, resulting in rather brittle mate-
rial behavior on the macroscopic scale. 
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Figure 10: Schematic diagram, explaining HEDE mechanism of hydrogen embrittlement due to 
the weakening of the atomic bonds by (1) hydrogen in the crystal lattice, (2) hydrogen absorbed 
at the crack tip, and (3) hydrogen trapped at the inclusion-matrix interface adopted from [81] 
 
The main experimental support of the reliability of this model is provided by the observed 
correlation between the hydrogen concentration and the notch stress reduction of the hy-
drogenated samples, [82].  
In the HELP mechanism, hydrogen is envisioned to form Cottrell atmospheres ([63]) 
around dislocation cores which may accelerate dislocation motion or decrease dislocation-
dislocation interactions, leading to an increase in local plasticity and subsequent failure by 
exhaustion of the material plastic strain capacity, Figure 11.  
 
Figure 11: Schematic diagram, explaining HELP mechanism of hydrogen embrittlement, adopted 
from [83] 
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The model implies the formation of a critical defect as a necessary step for the enhanced 
hydrogen adsorption – stage 1. In corrosive environments this could be a result of local 
anodic dissolution on {111} slip planes. The absorbed hydrogen promotes the shear stress 
localization along the {111} slip planes and enhances the dislocation movement – stage 
two. During stage 3 two different zones are formed in the vicinity of the main crack tip: 
the zone of the enhanced plasticity caused by the hydrogen interaction with the emitted 
dislocations and a previously hardened zone. This configuration leads to the formation of 
the dislocation pile-ups on the interface between this two zones and the resulting genera-
tion of a new crack embryo – stage four. During stage five a crack opening along the {111} 
plane occurs due to the normal stress and the process goes on. As a result the typical zig-
zag crack path is formed, which can be observed on the fracture surfaces of the hydrogen-
ated specimens. The main support for this mechanism is provided by experimental obser-
vation of the enhanced dislocation motion in hydrogenated samples, [84], and localized 
slip bands in the vicinity of the crack tip in the presence of hydrogen, [85], [86]. Another 
indirect support for the HELP theory is given by the temperature dependency of the HE 
phenomenon. The maximum of the HE susceptibility observed near the room temperature 
implies the correlation between the hydrogen diffusion and the mobility of dislocations at 
a given strain rate, [66].  
The theory of the vacancy formation was recently suggested by Martin and co-workers, 
[78], who were inspired by the fracture mechanics and microscale physical fracture inves-
tigations. It is proposed that nanovoids nucleate at the intersection between the dislocation 
slip bands (DSB) (Figure 11-2) and propagate along them (Figure 11-3). Hydrogen is as-
sumed to assist in the development of the intense slip bands, lower the stress required for 
the nano-void formation and expansion, leading to a crack that will propagate along the 
slip bands (Figure 11-4) in the presence of hydrogen. 
 
Figure 12: Schematic diagram, explaining void-formation mechanism of hydrogen embrittlement, 
adopted from [87]  
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The 4th model of SCC fracture mechanism – localized surface plasticity – is based on 
corrosion-deformation interactions at the crack tip. For a detailed description of the pro-
cess sequence should be referred to [66]. The model presupposes an existence of the crack 
tip, where the rupture of the oxide film becomes inevitable. Oxide film damage leads to a 
localized corrosion attack along the slip planes, combined with enhanced local hydrogen 
absorption. Further, the degradation occurs due to the HELP mechanism. 
Common for all of the proposed mechanisms is the degradation of the protective passive 
film (thin – tens of nanometer – amorphous semiconducting oxide layer [88]). It can occur 
either due to the change of environmental conditions or because of mechanical damage or 
due to its local dissolution on the most weak sites (such as precipitations, grain boundaries 
etc.). As a result of the passive film damage, an increased anodic dissolution (1st, 2nd and 
4th models) or increased hydrogen adsorption (3rd model) would occur and thus enhance 
the material susceptibility [66].  
In summary, it can be said that the existence of an incubation time of failure, necessary 
for the crack nucleation during SCC testing, indicates that the damage process is probably 
caused by the localized corrosion, followed by crack propagation under the influence of 
hydrogen, [68]. In contrast to that, during HE damage, hydrogen is believed to be involved 
in both crack initiation and crack growth processes, [83]. Further, it should be emphasized 
that for corrosion-resistant alloys oxide film remains the main factor influencing the ma-
terial performance since it reduces the effective hydrogen solubility, [89]. Therefore, local 
damage of an oxide film would lead to the locally enhanced hydrogen uptake and thus to 
the risk of the hydrogen supported crack nucleation or propagation. Stress corrosion crack-
ing of a duplex stainless steel in H2S containing brine is the best example, illustrating this 
statement, [90]. 
2.4 Mechanisms of localized corrosion 
As it was stated in chapter 2.3, localized corrosion form (pitting, crevice, Stress Corrosion 
Cracking (SCC)) is considered to be a very likely degradation mode in case of the failure 
mechanism of alloy 718 for oil and gas applications. Material resistance to localized form 
of corrosion is determined by the stability of the passive layers. These layers are amor-
phous semiconducting films, which can retard the corrosion process and change its char-
acter from active (anodic dissolution rate increases with time) to passive (decrease or in-
variability of the anodic dissolution rate with time) dependent on their homogeneity, sol-
ubility and reactivity in the given environment. In reality the thickness of the passive films 
reveals lateral gradients dd/dy, which may reach from 10-6 to 103, [88]. Although the 
observation of the passive film growth is rather difficult, it is assumed that it begins on the 
energetically weak sites, such as dislocations, voids or other surface defects, [91]. The 
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presence of some defects in the passive layer such as heterogeneities in the chemical com-
position (metallic and/or non-metallic inclusions) or structural defects (grain boundaries 
or dislocations) represent potential sites for the local corrosion attack. Although there are 
some distinct differences between the pitting and crevice corrosion, regarding the pro-
cesses of mass transfer of species during the corrosion reaction, the possible mechanisms 
by which the film breaks down are those of pit initiation with the difference being that for 
crevice corrosion the environment becomes more aggressive with time, [92]. Complex 
processes leading to the localized corrosion usually occur in two steps: passive film break-
down and following pit growth or re-passivation, [93].  
All mechanisms of the passive film breakdown given in the literature could be summarized 
into 3 groups of models, [94]: 
1) Adsorbed ion displacement models assume that anionic species, such as Cl- ions 
are adsorbed on the energetically favorable sites. The adsorbed chlorides contribute 
to the thinning of the passive film. The reduced thickness of the passive layer leads 
to the increase of electric field strength within the passive film Φ(𝑉) and related 
corrosion current density ic, which in turn results in the enhanced metal ion migra-
tion. Under certain circumstances, this can cause a local elimination of the passive 
layer with the localized corrosion rate and final free corrosion current density ic,h 
several orders of magnitude larger than that of the intact passive film (ic,p), Figure 
13-a.  
2) Ion migration or penetration models suggest the migration of Cl- ions through 
the defects in the passive layer (pores, local paths with increased conductivity). 
Metallic ions can work their way out of the metal easier through this defects. There-
fore, the protective ability of the passive film can be significantly reduced, Figure 
13-b.  
 
 
 
(a) (b) 
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Figure 13: Mechanisms of passive film breakdown (a) adsorbed ion displacement model, adopted 
from [23]; (b) Ion migration or penetration model, adopted from [95]; (c) breakdown-repair 
model, adopted from [31] 
 
3) Breakdown-repair models presume chemical or mechanical disruption of the pas-
sive film followed by increased anodic dissolution of the unprotected metal exposed 
to the corrosive environment, Figure 13-c.  
Once the passive layer has been damaged, the active site can either undergo the re-
passivation according to the salt-film building mechanism or the pit growth process upon 
the so-called acid-theory.  
The theory of the salt-film building assumes the ohmic voltage drop in the pit bottom as a 
result of the generation of a highly resistive, dense and poreless salt film, [93]. The elec-
trochemical potential of the pit nucleation site is in the active range, whereas the potential 
of the residual passive area is rather passive. The potential difference between the active 
and passive areas can reach up to several hundreds of mV.  
The main factor of impact in the acid theory is the drop of the pH on the pit bottom, which 
is caused by the hydrolysis reaction of the released metal ions, (8-2).  
𝑀𝑒 → 𝑀𝑒𝑧+ + 𝑧𝑒− 
↓ 
(8-1)[91] 
𝑀𝑒𝑧+ + 𝑛𝐻2𝑂 + 𝑛𝐶𝑙
− → 𝑀𝑒(𝑂𝐻)𝑛
(𝑧−𝑛)+ + 𝑛𝐻+ 
↓ 
(8-2)[91] 
𝑀𝑒𝑧+ + 𝑛𝐻2𝑂 + 𝑛𝐶𝑙
− → 𝑀𝑒(𝑂𝐻)𝑛
(𝑧−𝑛)+ + 𝑛𝑯𝑪𝒍 (8-3)[91] 
 
The increased concentration of H+ cations promotes the accelerated migration of the Cl- 
(c) 
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ions to the pit bottom, where hydrochloric acid can be generated (8-3). 
Considering those aspects, the general tendency of the material towards localized form of 
corrosion depends both on the density and stability of the present passive layers and the 
ability of the material to rebuild these layers in case of a damage. Another significant factor 
of influence is the chemical composition of the corrosive environment and in particular 
the presence of halide ions such as sulphur or chlor and its acidity, which is determined 
by the amount of the dissolved hydronium ions. 
 
2.5 Synergistic effects of hydrogen and corrosion processes 
Hydrogen solved in the bulk reveals a detrimental effect not only on the mechanical prop-
erties of the material, but also on its corrosion resistance. Several authors reported a neg-
ative impact of hydrogen on the properties of oxide films, formed on the metal surface, 
[96], [97], [98], [99], [72], [100], [101], etc. Smith and coworkers [102] imply that 
hydrogen presence in the material leads to reduction of the oxide film, creating a porous 
structure, which permits both rapid inward and outward diffusion. Ejaz et al. [100] 
pointed out that hydrogen retards the passive film formation and therefore decreases its 
stability in the range of passive potential with or without chlorides present in the corrosive 
environment. They suggested that interstitial hydrogen would initiate the charge transfer 
along the metal surface and extend the metal atomic bonds, thus making the metal surface 
more chemically active. Young and Scully [103] stated that hydrogen uptake introduces 
vacancies into the oxide, which in turn leads to an increased metal dissolution rate. On 
the other hand, the release of adsorbed hydrogen from the metal would generate H+ ions 
thereby reducing the local pH value on the electrode surface. At the same time hydrogen 
adsorption kinetic strongly depends on the stability of the oxide film [104], [105], [90]. 
An increase in hydrogen uptake rate was experimentally observed in case of various me-
tallic materials, when oxide layer was either removed from the surface [104] or damaged 
by the ongoing corrosion processes [90]. 
Taking into account that SCC damage mechanism include local damage of the protective 
passive layers and hydrogen adsorption as a preliminary stage of the following material 
degradation due to HE, the synergistic effects between hydrogen and corrosion processes 
should be taken into account in context of the material microstructure as they might make 
a significant impact on both of the mentioned processes.  
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2.6 Methods of material examination 
2.6.1 Characterisation of material microstructure 
Phase precipitations impact on both mechanical and corrosion performance of the material 
raises the question about precise and reliable methods for the quantification of the precip-
itations content. The approaches reported in the literature can be classified into two 
groups: quantitative stereological methods [106] and X-ray diffraction [107], [108]. The 
quantitative stereological approach was elaborated by Underwood et al. [106] and is based 
on the statistical evaluation of the samples light microscope or SEM micrographs. Although 
this method can be highly time-consuming, it is easy in the implementation, and does not 
require any special equipment except for the devices necessary for the microscopic analy-
sis. The principles of this approach are adopted in the well-known method for the grain 
size determination – ASTM E112, [21].  
There are several reports in the literature about successful application of the X-ray diffrac-
tion method for the determination of the precipitations with different crystallographic 
structures, [47], [34]. The working principle is drawn upon a constructive interference of 
monochromatic X-rays and a crystalline sample. The interaction of the incident rays with 
the sample produces constructive interference (and a diffracted ray) when conditions sat-
isfy Bragg’s Law, [109]. Dependent on the type of the crystals in a sample, their amount 
and the lattice constants each sample could exhibit a unique scattering pattern. In the case 
of over-aged material in the absence of 𝛾′ and 𝛾′′ the 𝛿 phase content may be determined 
non-destructively and within a relatively short time by direct comparison of the integrated 
intensities of X-ray scattering patterns, [110]. Yet similar crystallographic structures of 𝛾′ 
and 𝛾′′ may result in overlapping XRD-peaks. Therefore, the knowledge of the relative 
fraction between 𝛾′ and 𝛾′′ is necessary for the accurate data interpretation, [111]. Since 
the distinction between 𝛾′ and 𝛾′′ is everything but a trivial task, the XRD method has a 
serious application limitation for the given purpose.  
2.6.2 Examination of localized corrosion susceptibility 
Immersion test is a relatively simple approach for testing of the localized corrosion sus-
ceptibility of the material, [112], [113], [96], [114]. The detailed description on the test 
purpose, performance and evaluation is given in the standard ASTM G31 [113]. During 
the test, samples are immersed into a corrosive electrolyte at a requested temperature for 
a certain period of time. After the test the extent of corrosion attack is evaluated by means 
of light microscopy. In some cases the information, provided by the immersion tests is not 
enough for the adequate material evaluation. Monitoring of the Open Circuit Potential 
(OCP) during the sample immersion could be performed to complement the obtained data, 
[115]. OCP is the electric electrode potential of a metal surface, which is formed in contact 
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with an electrolyte solution. The value of the OCP is measured in relation to the reference 
electrodes, such as calomel or silver/silver chloride and can be used as a qualitative char-
acteristic of the corrosion process of a metallic surface. Alteration of the OCP over the 
testing time can either indicate a passivation process (potential increase) or metastable or 
stable pitting growth (potential transients or potential decrease), [115]. 
Potentiodynamic polarization tests is one of the most popular tools for study of the lo-
calized corrosion. The details according this testing approach are given in the standard 
ASTM [116]. Polarization curves are measured using controlled potential at a constant 
rate by recording the system response in form of the corrosion current density. The mate-
rial resistance against localized corrosion is evaluated by means of the critical pitting po-
tential Epit (also called breakdown potential), at which the anodic current density experi-
ences rapid increase (>100 µA/cm²), [117], [118]. The value of the pitting potential is 
strongly dependent on the experimental conditions as well as the scan rate. 
Electrochemical Impedance Spectroscopy   
Electrochemical impedance spectroscopy (EIS) is a powerful technique for the investiga-
tion of electrochemical and corrosion systems. The working principle of this approach is 
based on the measurement of the time-dependent current response I(t) of sample surface 
to sinusoidal polarization V(t) at a variable angular frequency 𝜔. With the knowledge of 
these two functions, it is possible to derive the frequency dependent impedance value 
𝑍(𝜔), which is used for the analysis of electrical properties of the oxide layer, (9). 
 
𝑍(𝜔) = 𝑉(𝑡)/𝐼(𝑡) (9-1) 
𝑉(𝑡) = 𝑉0𝑠𝑖𝑛𝜔𝑡 (9-2) 
𝐼(𝑡) = 𝐼0 sin(𝜔𝑡 + 𝜃), (9-3) 
 
where t=time and θ = phase angle between V(t) and I(t). 
The impedance behavior of an electrode may be expressed in Nyquist plots of 𝑍′′(𝜔) as a 
function of 𝑍′(𝜔) or in Bode plots of log|Z| and log𝜃 versus frequency f in cycles per sec-
ond (Hz), where 𝜔 = 2𝜋𝑓. 
It is a very sensitive, rapid and nondestructive quasi-stationary electrochemical approach 
to study electrochemical reactions at the electrode/electrolyte interface. The advantage of 
EIS is that the electrochemical system is only slightly deflected from the stationary state 
(10 mV), without changing the system irreversibly. However, data interpretation may be 
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ambiguous and difficult. Details on this approach can be gained for example in the stand-
ard ASTM G61-86 [116]. 
Electrochemical noise technique is another non-destructive electrochemical approach 
for the investigation of localized corrosion, which has gained popularity in the recent 
years, [119], [120], [121]. With the use of this method, it is possible to detect the low-
level spontaneous fluctuations of potential and current that occurs during an electrochem-
ical process. These spontaneous fluctuations are the consequences of the small transients 
in the electrical charges occurring on the sample surface during the electrochemical cor-
rosion as a sequence of individual random events. The measurements are generally per-
formed in a four-electrode system. Recorded in form of electrochemical noise, they could 
be analyzed statistically to derive some kind of a “fingerprint” of the amount of dissolved 
metal, depending on the combination of metal and the environment. There are several 
methods for the analysis of the noise data specifically suitable for the investigation of lo-
calized forms of corrosion. Most popular among them are the statistical methods as the 
pitting index and power spectral density analysis, or spectral analysis. These fluctuations 
are generally measured by a three-electrode system.  
Kelvin probe force microscopy (KPFM) is a measurement technique that allows meas-
urement of the surface potential in the nanometer-scale resolution. During the measure-
ment, a contact potential difference (𝑉𝐶𝑃𝐷) between the sample surface and the tip is de-
termined as a difference of the work functions (minimum work, required for extracting an 
electron from the surface of some material) of the sample and the tip divided by the elec-
tronic charge, (10). 
 
𝑉𝐶𝑃𝐷 =
𝜙𝑡𝑖𝑝 − 𝜙𝑠𝑎𝑚𝑝𝑙𝑒
−𝑒
 (10) [122] 
 
KPFM measurements can be performed in air and do not necessarily require an inert at-
mosphere. A great review on the measurement principles can be found elsewhere [122], 
[123]. This measurement technique got its widespread use after the publication of 
Schmutz [124], who demonstrated the correlation between the Volta potential differences 
measured on aluminum alloy surfaces via Scanning Kelvin Probe Force Microscopy 
(SKPFM) with the observed localized corrosion behavior of the samples.  
2.6.3 Examination of hydrogen embrittlement susceptibility 
Slow strain rate (SSR) testing of alloys under cathodic polarization is the most common 
testing method to determine a material’s susceptibility to HE in highly corrosive, hydrogen 
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containing environments, [125]. Loss of strength [126], ductility [83] or reduction of area 
[127] of hydrogenated samples, compared to material performance in inert media, can be 
expressed in terms of ratios for the evaluation of the general material susceptibility to HE, 
(11): 
𝐻𝐸 =
𝑋𝐻
𝑋𝑖𝑛𝑒𝑟𝑡
 
𝑜𝑟 
  𝐻𝐸(%) =
𝑋𝑖𝑛𝑒𝑟𝑡 − 𝑋𝐻
𝑋𝑖𝑛𝑒𝑟𝑡
∗ 100% 
(11-1) 
 
(11-2) 
 
with X standing for any of the mentioned physical values. Indexes “H” and “inert” imply 
that the values were measured on the samples in hydrogen containing or inert environ-
ments, respectively. Ratios in the range 0.8-1.0, measured according to (11-1) normally 
represent high resistance to environmental assisted cracking (EAC), whereas low values 
below 0.5 show high susceptibility to EAC, [128]. Plastic deformation during cathodic hy-
drogen charging was found to increase the permeation rate and effective diffusivity of 
hydrogen in nickel by 105 times, [129]. Therefore, simultaneous introduction of hydrogen 
during the SSR testing is expected to increase the sensitivity of the testing method. Thus, 
HE appears as a surface phenomenon related only with the accumulation of hydrogen in 
the near surface region, [130]. Comparative study of the HE sensitivity in regards to the 
temperature and strain rates reveal that the most severe HE susceptibility is observed at 
room temperatures and is found to be inversely proportional to the strain rate [66]. At 
slow rates, dislocation sweeping of hydrogen takes place and HE is more pronounced, 
[83]. On the other hand, Chène and Brass reported a direct proportionality between HE 
and the strain rate of nickel alloy 600 at elevated temperatures (423-473 K), [97].  
Another approach for the evaluation of the HE susceptibility is based on the determination 
of the total work of local fracture, emanating from the notch which can be determined 
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according to  
Figure 14, [131].  
 
 
Figure 14: Total work of local fracture, emanating from the notch (Ut); definition of its plastic 𝑈𝑝 
and elastic 𝑈𝑒 parts, adopted from [131] 
The degree of the susceptibility of metal material to hydrogen embrittlement can be de-
fined as a ratio of the work of fracture corresponding to the plastic deformation, 𝑈𝑝, to the 
total work of fracture, 𝑈𝑡, given in percent, which will decline with increasing material 
susceptibility. 
The crucial moment of this approach is the determination of the local fracture start, which 
is performed by means of acoustic emission (AE) signal analysis, [131]. 
2.6.4 Hydrogen permeation measurements 
There are several experimental approaches for studying hydrogen diffusion processes. 
They are based on measuring of the change in a physical quantity in the presence of hy-
drogen, such as mass, volume, strain [132] or even electrical resistance, [133]. One of the 
most commonly used techniques for the measurement of hydrogen permeation was intro-
duced in 1962 by Devanathan and Stachurski, [134], and is a basis of the current standard 
procedures for hydrogen permeation measurements, such as ASTM G148-97 [135] and 
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DIN EN ISO 17081 [136]. The principal experimental setup consists of two electrochemi-
cal cells (oxidation and reduction cells), which are separated from each other by the flat 
material sample, Figure 15. 
 
Figure 15: Hydrogen permeation cell, proposed by Devanathan and Stachursky, adopted from 
[137]: a) Specimen; b) Double junction reference electrode in PTFE Luggin capillary; c) Platinum 
counter electrodes; d) Double junction reference electrode; e) Gas inlet; f) Gas exhaust; g) Solution 
inlet; h) Solution out; j) Specimen clamp  
 
During the measurement hydrogen, introduced into the sample in the reduction cell (on 
the left side of the sample), permeate the tested sample and exit on the right side to be 
detected by the three-electrode arrangement system, connected to the potentiostat. The 
reduction cell of the permeation setup is filled with conductive medium, which would not 
participate in a chemical reaction with the sample surface, such as 0.1 M NaOH solution. 
The cell is polarized to a constant potential at which each of the hydrogen atoms escaping 
the exit side would be oxidized (+300 mVSCE ) and measured in form of the permeation 
transient current density 𝑖𝑝(𝑡). Under this condition hydrogen concentration on the exit 
side is assumed to be zero throughout the test duration. Thus, introduction of hydrogen 
on the reduction side would create a hydrogen concentration gradient, favorable for the 
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diffusion process in a given direction. If the concentration of hydrogen, offered on the 
entry side of the sample remains constant, a raise in the permeation current density up to 
the maximum stationary value 𝑖∞would be observed over the testing time. Hydrogen dif-
fusion coefficient can then be derived from the slope of the permeation current density 
versus time according to the time-lag method, (12): 
𝐷𝑒𝑓𝑓 =
𝐿2
6𝑡𝑙𝑎𝑔
 (12) 
Where the tlag is the moment of time at which the permeation current density equals 63% 
of the stationary permeation current density 𝑖∞, Figure 16, and 𝐿 is the sample thickness.  
 
Figure 16: Time lag method for determination of effective diffusion coefficient 
 
It is obvious that the precision of the hydrogen diffusion coefficient determination is di-
rectly associated with the accuracy in the measurement of the permeation current. Thus, 
reliability of the hydrogen oxidation reaction is of a crucial importance. Application of a 
thin palladium layer on the exit side of the specimen significantly increases the oxidation 
reaction of hydrogen and minimizes the fraction of hydrogen recombination, [138]. On 
the other hand, presence of an oxide layers of the sample surface might act like a barrier 
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to hydrogen permeation, hindering hydrogen from the emission from the sample. Appli-
cation of a thin palladium coating prevent the undesired oxidation and therefore assures 
an accurate measurement implementation, [139], [140].  
2.6.5 Hydrogen solubility measurements 
Measurements of the total amount of hydrogen, introduced into the samples due to the 
cathodic charging or cathodic corrosion reaction, are usually performed by extracting hy-
drogen at temperatures above the melting point, [61]. Small material specimens contain-
ing hydrogen are entirely melt down in a graphite crucible surrounded by pure inert carrier 
gas, such as nitrogen or argon. The released hydrogen is carried with the gas flow to the 
mass spectrometer or thermal conductivity sensor, which is set up for H2 detection. The 
amount of the desorbed hydrogen is equal to the integral of the measured curve (m(t)) 
over the time and can be expressed in weight ppm.  
2.6.6 Approval test by ISO 15156-3 / NACE MR 0175 
The standard ISO 15156-3 / NACE MR 0175 specifically concerns testing approaches and 
experimental data interpretation for the selection of Cracking-Resistant Alloys (CRAs) in 
oil and gas application field, [7]. The standard includes a list of the pre-qualified materials 
organized in regards to the severity of the application conditions. CRAs can be qualified 
based either on field experience or on laboratory testing. For the material approval based 
on field experience, documentation of the service conditions and material performance 
should be executed for a minimum period of two years. Laboratory testing could be per-
formed to qualify new materials, which are not on the NACE MR 0175/ISO 15156 pre-
qualified lists. The main aim of the standard procedure is to ensure the correct material 
selection for the intended environment, [141]. Annex E of the standard specifies the cor-
rosion exposure conditions, which are subdivided into 7 different groups. The variation of 
temperature, partial pressure of H2S and CO2 gases, sodium chloride concentration, pH 
level of the electrolyte, and in some cases content of elemental sulfur is used to find the 
best match for the expected aggressiveness of area of application. Requirements on the 
superimposed mechanical testing are based on the standard NACE TM0177, which should 
be used for detailed definition of the test procedures. The experiments can be performed 
on smooth samples in form of a constant load test, a sustained load test or a constant 
elongation (constant displacement). Tension can be applied in uniaxial (simple tensile 
tests), 4-point bending or C-ring-test manner. An average experiment can take up to 720 
hours per tested sample.  
Summarizing this brief review of the possible approaches for the assessing the perfor-
mance of the nickel alloy 718 in regards to its susceptibility to SSC, SCC or HE, it can be 
said that the testing approach by ISO 15156-3 / NACE MR 0175 is probably the most 
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challenging in the implementation and also time consuming. Despite the severely aggres-
sive electrolytes, its applicability to the service conditions can still be argued. On the other 
hand, information gained from the experiments performed according to the alternative 
testing methods such as electrochemical potentiodynamic scan or SSR tests under cathodic 
hydrogen charging may help gaining information necessary to link the material micro-
structure with its performance. 
2.7 Properties of nickel alloy 718 
2.7.1 Corrosion resistance of the nickel alloy 718 
The reports regarding the susceptibility of alloy 718 to environmental assisted cracking 
are rather controversial, [128]. According to the standards ISO 15156-3 and NACE MR 
0175, nickel alloy 718 is acceptable in the solution heat-treated and precipitation hard-
ened condition to HRC maximum (40 HRC), [7]. At the same time Hibner and Puckert 
reported the results of the NACE MR 0175 testing in which nickel alloy 718 was only 
qualified to NACE Test Level V performed on the C-ring corrosion cracking test, [142]. 
Some of the laboratory data found in the literature indicate the resistance of nickel alloy 
718 to stress corrosion crack initiation, [9], [128], [143], [144]. However, relatively small 
defects could lead to rapid crack growth. On the other hand, the corrosion resistance of 
the material can be insufficient in the most severe corrosion environments, [114], [9]. It 
is agreed that the SCC behavior as well as the pitting susceptibility of alloy 718 is strongly 
correlated to its microstructure, [9], [13], [143]. Comparative study of the SCC perfor-
mance of two different heats of alloy 718 clearly demonstrated negative effect of large 
secondary inclusions, such as 𝛿, Laves or coarse MC-type carbonitrides, [13]. In contrast, 
material microstructure with homogeneous distribution of fine transgranular 𝛾′ + 𝛾′′ 
phases revealed nearly immune behavior. At the same time, materials with 𝛿-free grain 
boundaries revealed SCC susceptibility (IGSCC) even at low applied stress in a pressur-
ized-water (PWR)-like testing conditions, [145]. The results of other investigations on SCC 
performance of alloy 718 performed by Kimberly et al. imply a negative impact of 𝛿 phases 
on the material corrosion behavior, [146]. The authors suggest that segregation of alloying 
elements, such as chromium or niobium, occurring during the 𝛿 phase precipitation, might 
lead to the change of the local potential distribution on the surface. As a result, 𝛿 phase 
would act as a local cathode, forcing the neighboring matrix to anodic dissolution. Same 
conclusion about the cause for SCC degradation was made by Groh et al., [117], who 
proposed a local passive film interruption at secondary phase particles (such as carbides, 
nitrides, carbonitrides and possibly 𝛿 phase) as a possible failure mechanism. The link be-
tween the SCC and pitting susceptibility of alloy 718 is also supported by the strong tem-
perature dependency of these two forms of the material degradation, which was observed 
and reported by several authors, [147], [51], [114], [148], [149].  
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2.7.2 Hydrogen diffusivity and solubility in nickel base alloy 718 
As it was stated in chapter 2.2, hydrogen transport in metals occurs by the hopping of 
hydrogen atom from one interstitial site to another. Due to the high hydrogen solubility, 
hydrogen diffusion is known to be rather slow in the materials with fcc lattice. For exam-
ple, hydrogen diffusion in nickel (fcc) is about 5.4 x 10-10 cm²/s, [150], in comparison to 
iron (bcc) with 7.2 x 10-7 cm²/s, [151]. Several researchers have studied the process of 
hydrogen propagation in alloy 718. For example, Jebaray et al. estimated the hydrogen 
diffusion coefficient of nickel alloy 718 to be of the order of 10-11 m²/s, [50]. By varying 
the sample microstructure, it was also demonstrated that both dislocations and the sec-
ondary phase precipitations act as reversible hydrogen trapping sites in this material. Bind-
ing energy of about 30 kJ/mol was associated with 𝛿 precipitates in the study of hydrogen 
permeation by Turnbull et al, [137]. At the same time, binding energies of 𝛾′ and 𝛾′′ were 
estimated to be between 31 – 37, and 23 – 27 kJ/mol respectively. Having in mind that 
sites with energies more than 58 kJ/mol are regarded as irreversible, [152], hydrogen 
trapped at the secondary precipitation phases can be considered as diffusible. In contrast 
to that, hydrogen will be irreversibly trapped at carbide particles with activation energy of 
77-87 kJ/mol, [137], and standard mixed or screw dislocation cores (60 kJ/mol), [153]. 
At low temperatures (room temperature) hydrogen dissolved in the lattice can be dragged 
with the moving dislocations at a relatively slow strain rate, [154].  
Grain boundaries in polycrystalline nickel with binding energies of 12 to 20 kJ/mol can be 
considered as reversible hydrogen traps, [155]. Therefore, under exposure to hydrogen 
they are likely to become saturated with hydrogen and provide a path for accelerated hy-
drogen diffusion. Enhanced hydrogen transport by short-circuit diffusion, associated with 
crystalline defects in nickel, has been intensively studied in the past decades, [156], [157], 
[158], [159]. Studies on nanocrystalline nickel revealed a strong segregation of hydrogen 
at grain boundaries and an increased diffusion coefficient along the boundaries above a 
certain H-coverage of grain boundaries, [160]. In addition, the diffusion coefficient in-
creases proportionally to the hydrogen concentration. However, a decrease of the grain 
size might lead to an increase in trapping sites, and trapping effects become more domi-
nant in the mechanism of hydrogen transport, [158]. Although no detailed investigation 
of the grain boundary impact on hydrogen diffusion rate was found in literature for alloy 
718, similarities in the materials crystallography implies analogical diffusion behavior. 
There are very few literature reports on the hydrogen solubility in alloy 718. Measure-
ments of the hydrogen solubility, performed on the material samples, cathodically charged 
in a melted salt, demonstrated a wide scatter of the obtained results depending on the 
microstructure, [80]. In this study solution annealed samples revealed the highest hydro-
gen content (900 wt. ppm), whereas aged material exhibited significantly lower values: 
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about 70 wt. ppm for the specimens with high amount of fine 𝛾′ + 𝛾′′ and nearly 200 wt. 
ppm for the overaged material with high content of acicular 𝛿 phase precipitations. The 
increase of the hydrogen solubility due to the 𝛿 phase precipitations might correlate with 
the very high hydrogen solubility in niobium, which can get up to 730 ppm, [161]. Indeed, 
Robertson has noted that for a given chemical composition, the solubility of H atoms in a 
nickel-based solid solution enriched with niobium strongly depends on the location of the 
niobium, i.e. a substitutional position or an intermetallic phase, [162]. At the same time, 
study of the hydrogen solubility in 𝛾′′ and 𝛿 phase precipitations revealed that hydrogen 
atoms do not segregate into precipitates and would rather occupy the matrix/precipitation 
boundary, [163]. Experimental observations on the impact of Ni3Nb phase on the spatial 
distribution of hydrogen confirm this suggestion. SEM micrographs of the Ni-Nb model 
alloy charged with hydrogen and immersed into the KAg[K(CN)2] aqueous solution for 
hydrogen visualization, clearly demonstrated agglomeration of the reduced silver in the 
regions of 𝛿/matrix interface and therefore indicating enhanced hydrogen solubility in this 
regions, [164]. 
2.7.3 Hydrogen embrittlement resistance of nickel base alloy 718 
Nickel alloy 718 is generally known for its excellent resistance to environmentally assisted 
cracking EAC in sea water with cathodic protection in the potential range from -1000 to -
100 mV, [128]. Nevertheless, solution treated and single aged material with the hardness 
values exceeding 40 HRC revealed a certain HE susceptibility, based on evidence of labor-
atory SSR testing and field experience, [128]. A number of fractographic analysis reports 
on samples, failed due to the HE, state visual evidence for the hydrogen promotion of the 
planar slip of dislocations in the nickel alloy 718, [48], [125], [165]. Mechanical proper-
ties of the material in hydrogen are believed to be strongly linked to the deformation 
modes, [129]. Hicks and Alstetter suggested that the observed preferential crack propaga-
tion on the {111} planes might be an indicator for a further fracture mechanisms rather 
than solely the plasticity phenomenon, [166]. The formation of the dislocation slip bands 
in nickel alloy 718 could be attributed to the low stacking fault energy [167], resulting in 
inhomogeneous deformation in contrast to the deformation of loosely shaped dislocation 
segments, [48]. Considering the large impact of the secondary phase precipitations (such 
as 𝛾′ + 𝛾′′ and 𝛿) on the mechanical properties of the material, some of the research work 
was dedicated to the possible correlation between their morphology and HE susceptibility, 
[28], [80], [87], [168], [169]. The material performance in the presence of hydrogen 
demonstrated a strong correlation to the choice of the aging procedure. However, the 
drown conclusions are controversial. The majority of the experimental studies stated the 
detrimental effect of 𝛿 precipitations on the HE resistance of 718 (manifested by the en-
largement of the notch tensile strength loss [83] and significant loss of ductility [28]). In 
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contrast, Kagay et al. [125] did not observe any significant deleterious effect of the ortho-
rhombic phases. Some literature reports also suggest 𝛾′ + 𝛾′′ precipitations to reduce the 
HE resistance of 718, [170], [171]. The disagreement of the experimental observations 
might result from the differences of both material microstructures and applied testing ap-
proaches. In addition interdependent processes of the 𝛾′ + 𝛾′′  and  𝛿  nucleation could 
handicap the accurate interpretation of the obtained results. Taking into account the in-
coherency of the carbide precipitations, the carbide/matrix interface is believed to be pref-
erential site for the crack nucleation as a result of decohesion mechanism. Indeed, fracto-
graphic analysis on the cross sections of the hydrogenated specimens of alloy 718 aged at 
780 °C, revealed debonding along the carbide/matrix interface, [167]. However, this hy-
pothesis was not confirmed by Moody et al. who did not evidenced any correlation of the 
carbides with the crack propagation path in the hydrogenated specimens, [166]. 
As shown above, despite the overall good corrosion and HE resistance of nickel alloy 718, 
some of the authors report the observed material susceptibility to SSC and SCC which 
might be traced back to the possible negative impact of secondary phase precipitates (such 
as Laves, 𝛿-phases or carbides) as they are believed to represent the sites of local passive 
film interruption. At the same time, the published results on the HE susceptibility of alloy 
718 reveal a certain correlation between the material performance and its microstructure. 
2.8 Summary  
Steadily growing energy demand combined with the nearly full exploitation of the rela-
tively shallow wells pushes the oil and gas industry into drilling deep and ultra deep wells. 
As a result, drilling equipment has to maintain an excellent performance under complex 
mechanical loads in extremely severe service conditions, such as high pressure and tem-
perature combined with highly corrosive environments containing sour gases and/or ele-
mentary sulfur. Due to the combination of excellent mechanical properties, outstanding 
corrosion resistance and good welding characteristics, nickel base superalloy 718 has been 
one of the most frequent choices for oil and gas applications. 
Although excellent performance of superalloy 718 has been confirmed by a great number 
of laboratory studies, [51], [172], several field failures of this material has been reported, 
[48], [173]. Large body of research on the susceptibility of nickel alloy 718 has been con-
ducted during the last twenty years indicates hydrogen embrittlement as a main damage 
mechanism supporting the material degradation, [83], [167], [174]. Nevertheless, the 
wide scattering in the material chemical composition used in the study and discrepancies 
in testing conditions handicap the interpretation of the experimental results.  
Both mechanical and corrosion properties of the superalloy 718 are believed to be strongly 
linked to the material microstructure. Intermetallic inclusions, such as secondary phase 
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precipitates 𝛿, 𝛾′ and 𝛾′′ are known for their contribution to the alteration of the defor-
mation mode. Thus, it is evident that the variation of their size and volume fraction would 
make a significant impact on the material resistance to hydrogen embrittlement. However, 
the mechanism of the stress corrosion cracking requires the corrosion damage of the pro-
tective oxide layer. For understanding the failure mechanism of nickel alloy 718 due to 
the stress corrosion cracking it is therefore necessary to address the complex system of the 
damage processes occurring during the material degradation.  
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3 Research objectives 
Stress corrosion cracking resistance of a material depends strongly on the quality of the 
present oxide layer (material susceptibility to localized corrosion) as well as material re-
sistance to hydrogen induced cracking. In case of alloy 718, both of these characteristics 
seem to be dependent on the precipitation of the intermetallic phases, such as 𝛾′ + 𝛾′′, 𝛿, 
and carbonitrides Ti,Nb(C,N) and hence on the choice of the aging procedure. However, 
the reports on the correlation between the secondary phase precipitation and material 
susceptibility to localized corrosion, HE and SCC available in the literature provide with 
the experimental data, gained on samples with significant differences in material chemical 
composition, by means of different measurement approaches and under large variation in 
the testing conditions. The resulting discrepancies in the evaluation statements impede 
the adequate data interpretation and thus hinder the optimization of the material perfor-
mance.  
The main goal of this work is a systematical study of the correlation between the micro-
structural peculiarities of alloy 718 and its resistance to localized corrosion and hydrogen 
embrittlement. To meet this goal, it is necessary to characterize the material microstruc-
ture and further on investigate coherences between microstructural peculiarities and ma-
terial corrosion behavior. In the interest of clarity and simplicity, the overall goal is subdi-
vided into two main scientific issues, which represent two main work packages executed 
in the course of this thesis, Table 2.  
Table 2: Research objectives and related questions 
Research objective 1:   
Characterization of the material microstructure and its properties in regards to the aging 
procedure 
1) Quantification of the 𝛿 and 𝛾′ + 𝛾′′ phase content in regards to the chosen aging 
procedure 
2) Characterization of the local potential distribution in the vicinity of the grain 
boundary secondary phase precipitations (𝛿 and Ti,Nb(C,N)) 
3) Characterization of the oxide layers of the different material heats in regards to 
the chosen age hardening procedure 
4) Characterization of the mechanical properties in regards to the chosen aging pro-
cedure 
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Research objective 2:  
Evaluation of the microstructural impact on the HE and localized corrosion susceptibility 
of alloy 718 
1) Evaluation of the microstructural impact on the localized corrosion resistance of 
alloy 718 
2) Evaluation of the hydrogen diffusivity and solubility in regards to the chosen age 
hardening procedure 
3) Evaluation of the synergistic interactions between the hydrogen dissolved in the 
microstructure of alloy 718 and the material corrosion resistance in regards to 
the chosen age hardening procedure 
4) Evaluation of the HE susceptibility of alloy 718 in regards to the chosen age hard-
ening procedure 
 
The implementation of the first work package includes the quantitative characterization 
of the material microstructure in consideration of the given heat treatment procedure. As 
no alteration of the carbonitrides structure is expected in the targeted temperature win-
dow, the quantification is performed solely in regards to 𝛾′ + 𝛾′′  and 𝛿 phase precipitates. 
Further analysis is devoted to the particular impact of the microstructural alterations on 
the mechanical properties of the material and on the quality of the protective oxide layers 
as well. Complementary surface potential distribution measurements are performed in the 
vicinity of 𝛿 precipitates and carbonitrides to clarify their possible contribution to the lo-
calized corrosion inducing SCC or HE.  
The primary focus of the second work package is on the evaluation of the microstructural 
impact of alloy 718 on its susceptibility to SCC and HE. Of the particular importance is the 
knowledge about the processes of hydrogen solubility and diffusivity, mechanisms of hy-
drogen induced material degradation, electrochemical dissolution of the protective oxide 
layers and possible synergies between them.  
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4 Applied techniques and methods of examinations 
4.1 Examination of the corrosion behavior 
4.1.1 Potentiodynamic scan measurements 
The impact of 𝛿 phase content on the material pitting susceptibility was investigated by 
means of electrochemical potentiodynamic approach. Conventional three-electrode-sys-
tem connected to the potentiostat PGU-10V-1A-IMP-S was used for the measurements, 
Figure 17. Platinum (wire net with the area size of 30x30 mm) and hydrogen electrodes 
were applied as a counter and reference electrodes respectively.  
 
 
Figure 17: Experimental setup for the electrochemical potentiodynamic measurements, adopted 
from [175] 
 
Flat square coupons (18.0 x 18.0 x 3.5 mm) were used for the experiments in this work 
package. All of them were wet grinded with 600 grit SiC paper prior to the experiments 
and then cleaned in ultrasonic bath with ethanol for 10 minutes and dried via airflow. 
Nitrogen flushing of the testing electrolyte was carried out for 30 minutes before the be-
ginning of the test to remove oxygen from the testing chamber. The influence of crevice 
corrosion on the measurement results was prevented by a thin adhesive masking tape with 
a circle opening (ᴓ=10 mm) applied on the sample surface, Figure 17. Electrolyte temper-
ature was controlled by immersing the glass electrochemical cell into the water bath. Dur-
ing the experiment, the measurement cell was covered with a lid equipped with a reflux 
condenser.  
During the measurement samples were polarized with the given scan rate in the potential 
range from -100 mVOCP (versus open circuit potential) to 1200 mVH forth resulting in the 
change of the current density response which was recorded. The initial potential value was 
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taken in reference to the open circuit potential of the sample measured prior to the exper-
iment for 30 minutes. The evaluation of the material pitting susceptibility was performed 
by comparison of pitting potential values (measured potential at anodic current density of 
100 µA/cm²) which were determined from three repeatedly conducted experiments. 
4.1.2 Open circuit potential measurements 
Long time measurements of open circuit potential were performed in order to identify the 
initiation sites for the local corrosion attack. The experiments were conducted in sodium 
chloride solution (21 wt.-%) acidified to the pH=2.3 with hydrochloric acid at 90°C to 
obtain the most differentiable material behavior. The choice of the testing electrolyte was 
made based on the results obtained from the potentiodynamic scan tests described in the 
previous chapter (4.1.1). Samples geometry, preparation procedure and experimental 
setup were kept the same as described in chapter 4.1.1. The evaluation of the material 
performance was done via analysis of the time dependent open circuit potential curves 
recorded for each material.  
4.1.3 Electrochemical Impedance Spectroscopy 
Synergistic effects of hydrogen on the protective characteristics of passive layer were in-
vestigated via electrochemical impedance spectroscopy (EIS) measurements. Flat square 
coupons (18.0 x 18.0 x 1.0 mm) were used in this study. The reduction of the sample 
thickness (compared to those used in chapter 4.1.1) was necessary for the efficient hydro-
gen charging. Prior to the experiments all the samples were cleaned in ethanol in ultra-
sonic bath for 10 minutes and then built it into the same experimental setup as described 
in chapter 4.1.1. Workstation IM6/6ex by Zahner-Electric was used for the collection of 
the experimental data. The sample incitation was carried out with the sinusoidal excitation 
amplitude of 10 mV at open circuit potential, which was recorded for 30 minutes prior to 
the EIS measurements. Impedance values were obtained at room temperature (25 °C) for 
the frequency range of 10 mHz to 100 kHz. Sample’s ability to passivation was evaluated 
by means of the polarization resistance (Z at 10-2 Hz) measured in three repeated experi-
ments. Series of 7 spectra were recorded for each tested sample for the observation of 
time-dependent changes in the sample behavior. Sample preparation procedure was the 
same as the one specified in chapter 4.1.1, except for the SiC paper grid (1200 in this 
study). The reduction of the sample roughness was aimed to address the question about 
the hydrogen impact on the material corrosion performance, as the smooth surfaces allow 
easy monitoring of the nucleation and growth of the small corrosion sites on the sample’s 
surface. 
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Electrochemical hydrogen charging of the EIS-samples 
Hydrogen was introduced into the sample by means of electrochemical cathodic galvanos-
tatic charging (i=30 mA/cm²) for 24 hours at room temperature (25 °C). The choice of 
ammonium sulfate (1.0 M) acidified to pH=3 (H2SO4) with the addition of hydrogen poi-
son (0.01 g/l sodium sulfate) for the charging electrolyte, provided a sufficient hydrogen 
entry during charging procedure. Continuous circulation of the electrolyte in the charging 
chamber ensured the removal of the hydrogen bubbles from the sample surface and en-
sured constant conditions throughout the charging procedure. Only one side of the sample 
was subjected to the hydrogen development (side A), whereas the opposite side (B) re-
mained exposed to the air, Figure 18.  
 
Figure 18: Schematic illustration of the process of hydrogen introduction into the sample 
 
EIS measurement of the hydrogen charged specimens were performed on the side “B” of 
the specimen. Right after the charging process, this side was shortly grinded with 1200 
SiC paper, cleaned with ethanol in ultrasonic bath for 30 seconds and immediately built 
into the experimental setup for the investigation. In so doing it could be ensured that the 
obtained measurements would demonstrate the passivation performance of the material 
and its potential alteration due to the presence of hydrogen. 
4.1.4 Scanning Kelvin Probe Force Microscopy (KPFM) measurements 
Local contact potential distribution in the vicinity of the carbonitrides Ti,Nb(C,N) and 𝛿 
phase was investigated by means of scanning kelvin probe force microscopy (SKPFM). The 
measurements were conducted via Dimension Icon FS measuring device equipped with 
ScanAsyst software. The cantilever type SCM-PITW and 240 TS coated with platinum-
irdium coating (PtIr) on the front and back sides was applied at resonance frequency range 
of 50 to 100 kHz at a constant force of 1 to 5 N/m. Preliminary to the experiments, samples 
were wet grinded to obtain a smooth surface finish (arithmetic average surface roughness 
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of Ra=0.01±0.001 µm) and cleaned in ultrasonic bath in acetone for 10 minutes. 
4.2 Examination of the hydrogen diffusivity and solubility  
4.2.1 Hydrogen permeation measurements 
Electrochemical permeation measurements were conducted to obtain the effective hydro-
gen diffusion coefficients of the chosen material heats. Samples with different microstruc-
tures were tested at the identical conditions to investigate the microstructural impact, such 
as grain boundaries and secondary phase precipitations on hydrogen diffusion coefficients.  
Experimental setup used for this purpose is similar to the one introduced by Devanathan 
and Stachursky, [176]. A sketch of the experimental setup is presented in Figure 19.  
 
 
Figure 19: Electrochemical permeation cell, adopted from [177] 
 
Two glass chambers filled with 0.1 M sodium hydroxide (NaOH) solution were separated 
from each other by the thin flat material coupon (18 x 18 x 01 mm). Electrochemical 
permeation experiments were conducted at room temperature (25 °C), enabling the cor-
relation to the tensile tests under simultaneous hydrogen charging, see chapter 4.3. Thin 
palladium coating (10 µm) was deposited on the exit side of the sample (oxidation cell) 
to enable a stable detection signal, [139], [140]. Prior to that preparation step both sides 
of the sample were polished to obtain the surface roughness values of Ra=0.01±0.001 
µm. After that the one-side coated samples were ultrasonically cleaned in ethanol for 10 
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minutes, dried in air and built into the experimental equipment presented in Figure 19. 
Constant cathodic charging current density (100 mA/cm²) was applied to the entry side of 
the sample (reduction cell) via the potentiostat PGU-10V-1A-IMP-S for the hydrogen evo-
lution. The chosen charging current density appears to be higher than the ones reported 
in the literature, [178], [179] to compensate for the absence of the hydrogen promoting 
substances in the testing electrolyte, as it was not possible to use it under the testing con-
ditions due to its harmful poisonous effect. Continuous medium flow generated by the 
pump (500 ml/min) allowed removing the hydrogen bubbles from the sample surface for 
the homogeneous charging conditions over the whole experiment duration. Hydrogen out-
gassing from the exit side of the sample was detected by means of permeation transient 
current density, measured via grounded potentiostat IM6/6ex Zahner-Electric. For this 
purpose, sample was polarized to the constant anodic potential (+300 mVSCE) throughout 
the experiment. The evaluation of the microstructural impact on the hydrogen permeabil-
ity was done by means of the effective diffusion coefficients values, which were derived 
from the measured permeation transients via time lag method from five different meas-
urements for each material heat according to (12).  
4.2.2 Hydrogen solubility measurements 
Microstructural impact on the hydrogen solubility was measured via gas fusion analysis 
principle. For the analysis hydrogen was introduced into the samples by means of gal-
vanostatic cathodic charging (i=30 mA/cm²) for the constant duration of 24 hours, which 
is comparable to the charging procedure applied by other researchers, [57]. Due to the 
spatial limitations of the measurement device, 6mm cubes were used as a sample geometry 
in this experiment. Ammonium sulfate solution (500 ml 1.0 M (NH4)2SO4) acidified to 
pH=3 (0.5 H2SO4) was poisoned by addition of sodium sulfide (0.01 M Na2S) for the 
sufficient hydrogen entry. A set of five samples could be charged in one charging proce-
dure, using the developed unit demonstrated in Figure 20. Similar to the previously de-
scribed approach (see chapter 4.2.1) hydrogen bubbles were removed from the sample 
surfaces by the circulating electrolyte (500 ml/min).  
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Figure 20: Schematic experimental setup for the cathodic hydrogen charging of samples 
 
After the charging, samples were immediately removed from the unit, rinsed with deion-
ized water, and immersed into the liquid nitrogen (-200 °C) for storage to prevent any 
hydrogen emission. This allowed performing the hydrogen content measurements at the 
exact same testing conditions for all samples.  
The total amount of hydrogen, absorbed by the samples during 24 hours of charging at 30 
mA/cm² current density, was released from the samples, as they were melted at 1500 °C 
for 150 seconds, and then carried to the quadrupole mass spectrometer type ESD 100 
manufactured by InProcess Instruments (IPI) with the nitrogen flow for quantification. 
The obtained values of hydrogen content are referred to the sample mass, measured by 
weighting immediately before the experiment. A total number of ten samples were melted 
for each material variant to gain the statistically secured data for the analysis.  
4.2.3 Hydrogen visualization via silver-decoration technique 
Spatial hydrogen distribution in the exemplary tensile samples tensioned under displace-
ment control and in-situ cathodic hydrogen charging was investigated via silver (Ag)-dec-
oration technique, [180]. The intention for this experimental study was to complement 
the results of the slow tensile test under simultaneous cathodic charging which are de-
scribed in chapter 4.3. For this purpose the tensile test under simultaneous cathodic hy-
drogen charging was interrupted before the sample fraction without any relieve. The test-
ing electrolyte was then removed from the chamber and replaced by 4.3 mM potassium 
silver cyanide solution. After that the sample was tensioned to failure at the same displace-
ment rate and the fracture surfaces were exposed to the solution for the further 20 
minutes. The silver ions presented in the electrolyte solution take part on the oxidation 
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reaction with hydrogen emitting the sample-solution interface according to (13). 
 
𝐴𝑔+ + 𝐻 → 𝐴𝑔 ↓ +𝐻+ (13) 
 
As a result of this reaction, silver ions are reduced by absorbed hydrogen and will precip-
itate on the metal surface.  
The samples were then removed from the chamber, rinsed with deionized water and dried 
in air for the subsequent SEM and EDX examination. Areas of silver deposition evidenced 
via EDX were used to make conclusions about the hydrogen presence in the sample’s cross 
section. 
4.3 Examination of hydrogen embrittlement via slow tensile tests under simultane-
ous cathodic hydrogen charging 
For the investigation of the effect of the size and amount of precipitates in alloy 718, slow 
tensile tests under displacement control (0.2 and 0.02 mm·h-1) were performed under 
continuous cathodic charging conditions. The chosen displacement rates are supposed to 
approximately match the strain rates of 10-4 and 10-6 s-1, recommended for the testing of 
HE under corrosive environments in NACE TM 0177 specification, [181]. The tests were 
performed in 1.0 M (NH4)2SO4 solution having pH 3 (H2SO4) at room temperature (25 °C) 
under a constant cathodic current density of 30 mA/cm². For this purpose, round tensile 
sample with the circular notch in the shaft area (notch factor 𝛼𝐾 = 4.2) presented in Figure 
21 was installed into a chamber equipped with the three-electrode system and connected 
to potentiostat Gamry (Ref600), Figure 22.  
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Figure 21: Sample geometry for the slow tensile tests under simultaneous hydrogen charging 
 
 
Figure 22: Experimental setup for the slow tensile tests under simultaneous cathodic hydrogen 
charging 
 
Hydrogen bubbles, formed at the sample surface due to recombination, were removed 
from the surface via electrolyte flow (500 ml/min). The tests under simultaneous hydro-
gen charging in acidified ammonium sulphate solution were performed for each material 
variant by triplicate. Ratios of elongation at fracture (l) obtained from these experiments 
were taken to the reference values for the samples tested on air to determine the material 
susceptibility to HE.  
HE susceptibility of superalloy 718 was evaluated in regards to the aging condition by 
comparing the value of HE coefficient (HE) calculated according to (14), [182]: 
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𝑯𝑬 (%) = (1 −
𝑙𝐻
𝑙𝐴
) ∙ 100% (14) 
With lH – elongation of the hydrogenated sample, and lA – elongation of the sample tested 
on air, determined as an average value of three tests.  
 
4.4 Complementary examinations 
To reveal the correlation between the aging-dependent microstructural peculiarities and 
material performance in corrosion and hydrogen embrittlement experiments, the meas-
urements described in chapters 4.1 - 4.3 were complemented with pre- and follow-up ex-
aminations of the tested samples. Documentation of the sample roughness before and after 
the corrosion tests (EIS-measurements) allowed to quantify the extent of the corrosion 
attack and establish its correlation to the chosen aging procedure. EDX-measurements per-
formed on exemplary corrosion sites enabled the identification of the preferential sites of 
corrosion attack enabled the identification of the preferential sites for corrosion attack. 
Measurements of the oxide layers composition performed via X-Ray photoelectron spec-
troscopy (XPS) also contributed to the understanding of the conjunctions between the 
aging procedure and corrosion damage mechanism.  
Scanning electron microscopy (SEM) observations of the fracture surfaces of the tensile 
samples tested in air and under simultaneous cathodic hydrogen charging provided sup-
port for the interpretation of the results of slow tensile tests aimed for hydrogen embrit-
tlement susceptibility examination.  
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5 Sample preparation and characterisation 
To address the questions stated in chapter 3, several material heats with differences in the 
microstructure were produced and thoroughly characterized. Following chapter gives an 
overview of the chosen approaches for the sample elaboration as well as the results of the 
material examinations.  
 
5.1 Chemical composition, aging procedures and sample elaboration 
All samples were elaborated from the same heat, produced by vacuum induction melting 
(VIM) and subsequently remelted by vacuum arc remelting (VAR). The produced ingot 
was forged to 25.4 cm bars (forging ration ≥4). The material was delivered in the solution 
annealing (SA) stage, which was performed for 1 hour at 1032 °C with subsequent water 
quenching. 
 
5.1.1 Chemical composition 
Chemical composition of the material was thoroughly controlled according to the limits of 
API 6CRA - 2016. Analysis of the chemical elements was performed by means of glow-
discharge spectrometer (GD-OES), Table 3.  
 
Table 3: Alloy composition 
 
Chemical composition (mass %) 
Ni Cr Fe Nb+Ta Mo Ti Al C 
API 6ACRA 
50.00-
55.00 
17.00-
21.00 
bal. 4.87-
5.20 
2.8-3.0 0.80-
1.15 
0.4-0.6 max. 
0.045 
Investigated 
material 
53.68 18.61 17.03 5.14 3.1 0.99 0.59 0.024 
5.1.2 Aging procedure 
After the solution annealing, the samples were age hardened to obtain microstructures 
with various amounts and sizes of 𝛾′/𝛾′′ and 𝛿-phase precipitations. An overview of the 
heat treatment variations investigated within the framework of this research is given in 
Table 4. 
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Table 4: Variation of heat treatment and typical hardness of the alloy 718 
Material variant Solution an-
nealing 
Age hardening Measured 
hardness HRC 
720+620 1032 + WQ 720 °C / 8h / air 
& 
620 °C / 8h / air 
42-44 
760 1032 + WQ 760 °C / 8h / air 40-42 
775 1032 + WQ 775 °C / 8h / air 36-38 
800 1032 + WQ 800 °C / 8h / air 34-36 
870 1032 + WQ 870 °C / 8h / air 21-22 
720-4 1032 + WQ 720 °C / 4h / air 32-35 
720-8 1032 + WQ 720 °C / 8h / air 39-42 
750-8 1032 + WQ 750 °C / 8h / air 40-41 
800-24 1032 + WQ 800 °C / 2h / air 35-38 
1032 1032 + WQ - Not measured 
1050 1050 + WQ - Not measured 
1090 1090 + WQ - Not measured 
 
5.1.3 Samples preparation 
All specimens were eroded from the transitional zone of the material bar (about 20 mm 
from the edge). This allowed to avoid any undesirable effects of segregation of the alloying 
elements. The elaboration was carried out in two steps. First material blocks of a suitable 
size were eroded from the transitional zone of the annealed material rod for the subse-
quent aging. After the heat treatment, the samples of the desired geometries were elabo-
rated. By doing so, the scale layers, formed on the material surface during the aging could 
be mechanically removed. Moreover, all the samples featured the same surface roughness 
of Rz=1.3 µm.  
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5.2 Metallographic examination 
Metallographic examination of the material heats was performed to document the changes 
in the material microstructure, caused by differences in age hardening procedures.  
5.2.1 Light microscopy 
Light microscopy observations of the etched samples revealed an austenitic structure for 
all the tested heats. Standard etching procedure for nickel base alloy 718 (V2A at 30 °C 
for ca. 30 sec) was used to prepare the metallographic sections. The variation of the tem-
perature for the solution annealing procedure resulted in the grain coarsening, which was 
ascertained via the grain size measurements performed according to ASTM E112, [21]. As 
was expected, the grain size of the aged samples remained constant (ASTM 4 to 5) which 
is the same as the grain size of the solution annealed material prior to the heat treatment 
procedure, Figure 63 (annex). It is noteworthy to mention that no significant differences 
regarding the morphology of the 𝛾′/𝛾′′ and 𝛿 phase precipitations could be recognized 
from these micrographs. Similarly to that, the spatial ratio of carbonitrides was not influ-
enced by the aging treatment, as it was established on comparative measurements per-
formed via thresholding image processing approach [183] on samples 760 and 870, Figure 
23. The large difference in the aging temperature between these two heats allows to as-
sume them to be representative for addressing the abovementioned question. The corre-
sponding light micrographs can be found in annex in Figure 61 and Figure 62. 
 
 
Figure 23: Influence of aging procedure on the surface fraction of carbonitrides 
 
In contrast, an increase in the annealing temperature led to the grain growth as it can be 
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seen in Table 5. 
Table 5 Grain size variation of the alloy 718 
Material variant 
Grain size according to 
ASTM E112 [21] 
Average grain size in µm 
1032 
 
4-5 50-80 
1050 
 
3 110 
1090 
 
0-1 220-320 
 
5.2.2 SEM examination 
As expected, the variation of the temperature for the age hardening resulted in significant 
differences in the samples microstructure, which were documented by means of scanning 
electron microscopy (SEM) and transmission electron microscopy (TEM). In addition to 
100 µm 
 
 
 
100 µm 
 
 
 
100 µm 
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the microstructure documentation, analysis of some microstructural peculiarities were per-
formed by means of energy dispersive X-Ray (EDX). The results of the EDX-examination 
can be found in the annex, (Figure 64, Figure 65, Table 11, and Table 12). Based on this 
examination, it was possible to identify some of the precipitations with typical appearance 
as titanium- and niobium carbonitrides, 𝛾′/𝛾′′ and 𝛿 phase precipitations as well. Both 
𝛾′/𝛾′′ and 𝛿 phase precipitates were observed in all the age hardened samples, Figure 24. 
 
  
  
  
  
(a) (b) 
(c) (d) 
(e) (f) 
(g) (h) 
720+620 
760 
775 
800 
𝛿 
𝛿 
𝛿 
𝛿 
𝛿 
𝛿 
𝛿 
𝛿 
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(i) (j) 
(k) (l) 
(m) (n) 
(o) (p) 
(r) (q) 
870 
720-4 
720-8 
750-8 
800-24 
𝛿 
𝛿 
𝛿 
𝛿 
𝛿 𝛿 
𝛿 
𝛿 
𝛿 
𝛿 
  
 
Sample preparation and characterisation   53 
  
Figure 24: SEM micrographs of age hardened alloy 718 
 
As expected, no globular 𝛿 phases were observed in any of the samples. On the other hand, 
acicular 𝛿 precipitates were evidenced on the occasional grain boundaries of all the mate-
rial heats. The increase of the age hardening temperature resulted in the higher amount 
of 𝛿 precipitates at the grain boundaries. In the case of the overaged material (870) they 
were identified within the grains. Micrographs of the 𝛿 precipitations made with higher 
magnification revealed zones free from 𝛾′/𝛾′′ phases, occurring as a result of the niobium 
depletion from the matrix due to the 𝛿 formation, Figure 24-f, h, j, p, and r. Although the 
solution annealing temperature (1032°C) is above the solvus temperature of the 𝛿 precip-
itates, few of them were spotted on occasional grain boundaries of the solution annealed 
material 1032, Figure 24-s and Figure 24-t. This can be explained by the inhomogeneous 
cooling of the material ingot during water quenching. As a result, the cooling rate in the 
transitional zone is slower than on the surface of ingot and the precipitation of the 𝛿 can 
take place. Accordingly, few grain boundary 𝛿 phases were also observed in material var-
iants 720-4, 720-8, and 720+620, even though the aging temperature is far below its 
nucleation temperature.  
5.2.3 TEM examination 
SEM micrographs discussed in the previous chapter reveal the evolution of 𝛾′/𝛾′′ precipi-
tations regarding the chosen temperature for the age hardening. Prior to the examination 
samples were mechanically thinned down to the thickness of 100 µm and then punched 
to obtain slices with 3 mm in diameter. To complete the sample preparation, the middle 
of each slice was electrolytically thinned down to provide for electron-transparent thick-
ness on the edge of the hole, formed during the last procedure. As was expected, TEM 
observations revealed the coarsening of the precipitates along with the increasing temper-
ature, Figure 25. 
(s) (t) 
1032 
𝛿 
𝛿 
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Figure 25: TEM micrographs of the transformation of 𝛾′ + 𝛾′′ phases in regards to the aging tem-
perature in material variants (a) 720+620; (b) 720-4; (c) 720-8; (d) 750-8; (e) 800-8; (f) 800-24 
 
In order to quantify the microstructure evolution, the size and fraction of the 𝛾′ + 𝛾′′ par-
ticles was determined for several material variants by means of image analysis via the 
Datinf Measure software. For that purpose the mean length and width was measured on 
a minimum of 50 particles. The results of this analysis are given in Table 6. 
 
(a) (b) 
(c) (d) 
(e) (f) 
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Table 6: Qualitative characterisation of the 𝛾′ + 𝛾′′ precipitates transformation regarding the age 
hardening temperature 
Material variant Average length, 
[nm] 
Average width, 
[nm] 
Quantity per nm² 
720+620 43.7±13.9 21.3±5.9 5.7·10-4 ± 0.6·10-4 
720-4 8.9±3.6 3.6±0.7 2.4·10-3 ± 0.6·10-3 
720-8 13.8±5.6 5.6±1.4 6.7·10-3 ± 0.1·10-3 
750-8 22.7±5.7 9.9±2.1 1.74·10-3 ± 0.3·10-3 
800-8 56.1±9.7 20.4±3.6 3.54·10-4 ± 0.7·10-4 
800-24 95.4±50.8 31.2±10.9 8.94·10-5 ± 0.8·10-5 
 
Both size and fraction are observed to be dependent on the age hardening procedure. 
Aging at 720 °C for 4 hours resulted in the occurrence of small, very finely dispersed pre-
cipitates. An increase in the heat treatment duration (8h at 720 °C) leads to the precipita-
tion coarsening at lower volume fraction, which could be attributed to the precipitation 
coalescence. Same phenomenon is also observed for the heats aged at 800 °C for 8 and 24 
hours respectively. Double step aging (720 °C for 8 hours followed by 620 °C for 8 hours) 
results in a mixture of very fine and coarse 𝛾′ + 𝛾′′ precipitates closely packed to each 
other. The obtained results are in agreement with the data available in literature. 
The values presented in Table 6 contain certain inaccuracies, which are caused by one or 
more of the following reasons: 
 Due to the possible co-location of 𝛾′  and 𝛾′′  precipitates [35], [37], [38] the 
amount of the precipitates per square unit might be underestimated. 
 The distinction between the 𝛾′ and 𝛾′′ cannot be performed on the basis of optical 
observations by means of TEM micrographs, since both of them appear very similar 
to each other, [30]. 
 The length and width of precipitates were measured on the TEM micrographs under 
assumption that all the observed particles reside in the plane, which is orthogonal 
to the detector. However, as it was pointed out by Hattestrand and Andren, a geo-
metrical correction should be carried out, to compensate the proportion of the pre-
cipitates, which would intersect the surface and therefore appear less than their 
actual size, [43]. Yet, since the sample thickness remained unknown, this was not 
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possible. 
Thus, the values from Table 6 may be considered only for the terms of approximate mate-
rial ranking and shall not be understood as absolute values.  
5.2.4 Determination of the 𝜹 phase content 
 
To enable a systematic study of the possible influence of the 𝛿 phase precipitations on the 
material performance, 𝛿 phase content should be determined in regards to the chosen ag-
ing procedure. The chosen experimental approaches and the findings obtained during this 
examinations are described below.  
XRD-Examination 
Examination of the aged samples by means of XRD-measurements was carried out to quan-
tify the volume fracture of 𝛿 phase precipitates in regards to the choice of the aging tem-
perature. The measurements were performed on Bruker D8 ADVANCE via Cu-radiation 
with the wavelength of 0.154 nm. Summarized presentation of the obtained spectra is 
given in Figure 26-a.  
  
Figure 26: (a) XRD spectra of aged alloy 718; (b) XRD spectrum of material variant 870 
 
The obtained spectra indicated strong peaks corresponding to the face cubic centered (fcc) 
(a) (b) 
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lattice structure with differences in the lattice constants, Table 7. 
 
Table 7: Lattice constant of 𝛾 matrix in regards to the heat treatment 
Material variant 720+620 720 760 775 800 870 
a (nm) 0.36241 0.35998 0.35928 0.35971 0.35974 0.36336 
 
Figure 26-b represents the XRD spectrum recorded for the overaged material variant 870. 
The red lines below the graph indicate the position of the expected peaks corresponding 
to the orthorhombic crystal structure. Since no consistency between the theoretically cal-
culated and recorded spectra is observed in Figure 26-b, the volume fraction of 𝛿 precipi-
tates in the material variant 870 should be less than 1% (the resolution limit of the meas-
urement approach). Considering that the material variant 870 contains the highest 
amount of 𝛿 phase, any possibility to quantify the 𝛿 phase content of the rest of the mate-
rial variants using XRD-measurements can be ruled out. 
 
Quantification of the delta phase content by means of stereological method 
To quantify the content of 𝛿 phase, aged samples of alloy 718 were analyzed by means of 
BackScatter Electron (BSE) microscopy, [177]. For this purpose, images of the sample 
surface were taken with 2000-x magnification, Figure 66. Total length of the grain bound-
aries within the micrograph was estimated using the photo-processing program “Datinf 
Measure”. The content of 𝛿 precipitates DELTA was then estimated as an average ratio of 
the number of the precipitates per unit of grain boundary length, measured on three dif-
ferent sites according to the equation (14). Because the measurement only involved count-
ing, it was not sensitive to image resolution.  
 
DELTA =
1
3
∑
(𝑡𝑜𝑡𝑎𝑙 𝑛𝑢𝑚𝑏𝑒𝑟 𝑜𝑓 𝛿 𝑝𝑟𝑒𝑐𝑖𝑝𝑖𝑡𝑎𝑡𝑒𝑠)𝑖
(𝑡𝑜𝑡𝑎𝑙 𝑔𝑟𝑎𝑖𝑛 𝑏𝑜𝑢𝑛𝑑𝑎𝑟𝑦 𝑙𝑒𝑛𝑔𝑡ℎ)𝑖
3
𝑖=1
 (14) 
 
Since no correlation between the size of the observed 𝛿 precipitations and the temperature 
for the age hardening was observed during SEM analysis of the sample surfaces, the ob-
tained ratio appears to be a plausible value to rank material heats in terms of the extent 
of the grain boundary decoration with 𝛿 phases. The obtained values for the estimated 𝛿 
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phase content are presented in the diagram in Figure 27. When compared to the SEM-
micrographs of the samples presented in Figure 24, it can be found that these data are in 
a good agreement with the empirical impression about the variation of the 𝛿 phase amount 
with the aging temperature.  
 
 
Figure 27: Estimated content of the 𝛿 phase precipitations in alloy 718 with regards to the aging 
temperature 
 
5.3 Oxide layer examination by means of X-Ray photoelectron spectroscopy 
Excellent corrosion resistance performance of the superalloy 718 is closely related to the 
quality of the protective oxide layers built on the material surface. To find out, whether or 
not the variation of the aging temperature would influence the oxide layer structure sam-
ples were investigated by means of X-ray photoelectron spectroscopy (XPS). The measure-
ments were performed on the surface analysis system Physical Electronics PHI 6700 with 
monochromatized 𝐴𝑙𝐾𝛼 -radiation (ℎ𝜐 = 1486.6𝑒𝑉 ). Prior to the experiments samples 
were grinded with abrasive SiC paper to the surface finish of 0.5 µm and thoroughly 
cleaned with acetone in ultrasonic bath (10 min) followed by argon plasma etching (5 
min). Two different heats (760 and 870) with presumably the largest difference in the 
oxide composition were examined. The obtained spectra are presented in the annex, Fig-
ure 71. The presence of nickel (Ni), iron (Fe), chromium (Cr), and molybdenum (Mo) in 
both metallic and oxidized form was verified for each of the material conditions. In con-
trast, niobium (Nb) was found merely as an oxide. Minor differences in the composition 
of the oxide layers of the two heats concern the oxidation form of Mo and Nb. Niobium 
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oxide of the material variant 760 was predominantly measured in its most stable form 
(Nb(V)) with a little fraction of Nb(II). Whereas material 870 demonstrated the most sta-
ble form of molybdenum oxide – Mo(V), but higher fraction in niobium oxide Nb(II). The 
observed deviations could be attributed to the differences in the distribution of alloying 
elements, caused by the extent of the secondary phase precipitates (mainly 𝛿 phases). The 
observed differences in the oxide layer composition will be considered during the inter-
pretation of the results of corrosion and hydrogen permeation experiments, since both 
processes are known to be affected by the presence of the oxide layers on the sample’s 
surface. 
5.4 Scanning Kelvin Probe Force Microscopy (SKPFM) measurements 
Comparative measurements of the surface potentials were performed on titan- und ni-
obcarbonitride precipitates as well as on the 𝛿 phases in order to estimate their hypothet-
ical corrosion activity in regards to the surrounding matrix. The identification of the inclu-
sions was executed by means of EDX-analysis prior to the measurements, Figure 67. The 
results of the SKPFM measurements (samples height and potential topography) are pre-
sented in Figure 27, Figure 29, and Figure 30. 
As it was stated in chapter 4.1.4, the measurement principle of the SKPFM technique is 
based on applying a DC-voltage to compensate the contact potential difference (CPD) be-
tween the AFM tip and the sample. In turn, the CPD between the AFM tip and the sample 
can be defined as the difference in work function Φ between the sample and the tip: 
 
𝑉𝐶𝑃𝐷 =
Φ𝑠𝑎𝑚𝑝𝑙𝑒 − Φ𝑡𝑖𝑝
𝑒
 (14) 
 
It is evident from the equation (14) that depending on whether the compensation voltage 
is applied at the AFM tip or the sample, the contact potential image of the same objects 
would appear with an inverse contrast. This effect is demonstrated in Figure 28, where 
the SKPFM measurements of the CPD of the titanium carbonitride was measured with the 
compensation voltage applied first to the AFM tip (Figure 28 b) and c)) and then to the 
sample (Figure 28 d) and e)).  
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Figure 28: SKPFM measurements of the potential distribution on the Ti(C,N) inclusion. a) AFM 
measurement of the topography; b) potential distribution measured with the compensation voltage 
applied to the AFM tip;c) potential line profile corresponding to the graph b); d) potential distri-
bution measured with the compensation voltage applied to the sample; e) potential line profile 
corresponding to the graph d) 
 
(a) 
(b) 
(c) 
 
(d) 
(e) 
 
1 
1 
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In both cases the measured work function of the inclusion appears to be higher than the 
surrounding area. Thus, the titanium carbonitride can be regarded being nobler than the 
matrix. According to the potential profiles, presented in Figure 28, the difference between 
the titanium carbonitride and matrix can be amounted up to 150-160 mV. 
In contrast, measurements performed on the niobium-carbonitride revealed almost no dif-
ference between the Nb(C,N) and matrix, Figure 29 b) and c). However, after the etching 
of the sample in V2A-etchant, performed for 30 seconds at room temperature (23°C), the 
difference of 100 mV between the matrix and the niobium inclusion could be successfully 
measured, Figure 29 d) and e). 
(a) 
(b)  
(c) 
1 
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(d) 
(e) 
Figure 29: SKPFM measurements of the potential distribution on the Nb(C,N) inclusion. a) AFM 
measurement of the topography; b) potential distribution measured with the compensation voltage 
applied to the sample; c) potential line profile corresponding to the graph b); d) potential distri-
bution measured with the compensation voltage applied to the sample after etching; e) potential 
line profile corresponding to the graph d) 
 
These measurements point out that both kinds of carbonitrides presented in the micro-
structure of alloy 718 (Ti(C,N) and Nb(C,N)) are expected to reveal a rather noble corro-
sion behavior in comparison to the surrounding matrix. Same tendency was observed for 
the 𝛿 phase, which was found to be about 30-60 mV nobler than the surrounding matrix, 
Figure 30. 
(a) 
(c) 
1 
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(b) 
(c) 
Figure 30: Measurements on 𝛿 phase of a polished sample (OPS-etching) a) AFM measurement of 
the topography; b) potential distribution on corresponding site measured with the compensation 
voltage applied to the AFM tip; c) potential line profile corresponding to the graph b) 
 
Since all the intermetallic inclusions reveal a certain CPD to the surrounding matrix, it can 
be assumed that the matrix/inclusion interfaces would act as preferential sites for localized 
corrosion attack when the material is subjected to corrosive electrolytes. 
 
1 
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5.5 Mechanical properties 
Variation of the mechanical properties of the material in regards to the change of aging 
temperature was examined via measurements of hardness (DIN EN ISO 6507-1 [184]) 
and tensile tests (DIN EN ISO 6892-1[185]). Round smooth specimens were used for this 
purpose, Figure 72. The hardness measurements were performed on the polished samples 
according to the measurement specification DIN EN ISO 6507-1 via measurement device 
Struers DuraScan-70 with the measurement uncertainty of 9.9 HV10. The original hard-
ness values were obtained in HV10 and converted to the HRC values according to the DIN 
EN ISO 18265 [186] specification.  
As expected, both material hardness and strength values decreased along with the increas-
ing content of the 𝛿 phase, Table 8.  
Table 8: Mechanical properties of alloy 718 in relation to the aging temperature 
Material 
variant 
Yield strength 
(average of 3 
tests) [MPa] 
Tensile strength 
(average of 3 
tests) [MPa] 
Hardness, HRC 
(average of 5 
measurements) 
𝛿-phase 
content 
[µm-1] 
720+620 1112±18 1318±5 43.3±0.9 0.02 
760 976±12 1266±7 40.4±0.4 0.02 
775 940±33 1254±16 37.2±1.1 0.16 
800 834±47 1195±14 35.5±1.2 0.46 
870 535±10 955±7 21.0±0.3 ≫ 1 
 
Fracture surface observation of the tested samples revealed ductile failure mode with char-
acteristic dimples for all of the samples. Figure 74.  
5.6 Conclusions to the chapter 5 
The results presented in this chapter have identified the major differences of the chosen 
material variants regarding their microstructure and mechanical properties. Due to the 
applied approaches regarding the metallographic characterization, it was possible to quan-
titatively describe the obtained material conditions and therefore establish a correlation 
between the aging procedure and the resulting microstructural peculiarities. It was shown 
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that the increase in the aging temperature led to the coarsening and coalescence of the 
𝛾′ + 𝛾′′ precipitations as well as to the enhanced precipitation of the grain boundary 𝛿-
phase. At the same time, no significant changes of the carbonitride morphology was ob-
served for material variants aged at different temperatures.  
In addition, Scanning Kelvin Probe measurements performed on the intermetallic inclu-
sions revealed that both carbonitrides and 𝛿 phase precipitations appeare to be noble in 
comparison to the surrounding matrix and therefore might act as sources for galvanic cor-
rosion when immersed into aqueous solutions.  
The outlined observations provide a basis for the interpretation of the following investiga-
tions of the corrosion and hydrogen embrittlement susceptibility of alloy 718.  
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6 Results of corrosion tests 
6.1 Potentiodynamic scan measurements 
Potentiodynamic scan measurements were performed on the material variants 760 and 
870 to investigate possible effects of the aging temperature on the pitting susceptibility of 
the material. Five test series with the variation of temperature, pH value, sodium chloride 
concentration and the polarization scan rate were carried out for each material to obtain 
the testing conditions under which the differences in corrosion behavior are the most pro-
nounced. The evaluation of the material performance was implemented by comparison of 
the breakdown potential values which were determined at the anodic current densities of 
100 µA/cm², Figure 31. 
 
 
Figure 31: Influence of δ phase content on the pitting potential, measured at different testing 
conditions, adopted from [101] 
 
Temperature is found to be the strongest factor impacting the corrosion behavior. When 
tested at 40 °C both material heats demonstrate a passive behavior throughout the whole 
polarization range with a slight increase near 1100 – 1200 mVH, Figure 32. Reversion of 
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the polarization lead to the immediate drop of the anodic current density to values below 
the passive range (~100 µA/cm²). No significant differences of the material performance 
can be recognized at these testing conditions.  
 
Figure 32: Temperature influence on the potentiodynamic scan measurements on alloy 718 with 
different content of δ phase, adopted from [101] 
 
An increase of the temperature up to 80 °C results in the reduction of the passive potential 
areas along with the value of the breakdown potential for both material variants, Figure 
31. However, the material 870 revealed a tendency for lower pitting potentials compared 
to the material 760, indicating a reduced resistance to localized corrosion. In the electro-
lyte with the reduced concentration of sodium chloride, both material variants demon-
strated an increase in the pitting potential values of approx. 150 mV (obtained in 8% NaCl 
pH=2). On the other hand, an increase of the pH value to 5 leads to the further shift of 
the breakdown potentials to the noble range, even though the sodium chloride concentra-
tion remained high (21%). In 21% NaCl solution pH=5 material 760 exhibited breakdown 
potential similar to the one obtained at 40 °C. The observed alteration of the material 
behavior, caused by the increase of solution pH value, is most likely attributed to the im-
proved re-passivation, due to the reduced concentration of hydrogen cations, (see chapter 
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2.4). Influence of the surface re-passivation processes on the material corrosion perfor-
mance appears even more distinct, when tested at slower polarization scan rate (21% NaCl 
pH=2 at 0.1 mV·s-1), because the system is given more time to adjust to the corrosion 
encroachment. Therefore, the explicit differences in the pitting potential values, observed 
for both materials when tested at 0.1 mV·s-1, clearly indicate that discrepancies in the 
material performance are caused by the passivation and/or re-passivation processes. Cer-
tain differences between the two material variants were identified during the sample sur-
face observations after the conducted experiments, Figure 33. The corrosion products built 
up within the pit appeared to be dark and shiny in case of the variant 760, Figure 33-a, 
and rather light and matt for the variant 870, Figure 33-b. However, after the removal of 
the corrosion products, the differences were gone, Figure 33-c and Figure 33-d. 
  
  
Figure 33: Exemplary light microscopy micrographs of the alloy 718 after the potentiodynamic 
scan tests in 21% NaCl pH=2 at 80 °C (a,c)material variant 760; (b,d) – material variant 870 
 
Additional material variants with less significant differences in the material microstructure 
were tested in 21% NaCl solution pH=2 at 80 °C with 0.1 mV·s-1 scan rate, as the most 
distinct differentiation of the material variants behavior was observed at this experimental 
conditions. Obtained pitting potentials imply a slight correlation between the corrosion 
behavior of the material and its δ phase content, Figure 34.  
(a) (b) 
(c) (d) 
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Figure 34: Breakthrough potential in regards to the δ phase content, measured in 21% NaCl pH=2 
at 80°C with a polarization scan rate of 0.1 mV·s-1 
 
The observed drop of the pitting potential in the diagram from Figure 34 implies a possible 
existence of some critical amount of 𝛿 phase, beyond which the local corrosion resistance 
of the material would be impeded.  
The electrochemical potentiodynamic scan measurements performed on alloy 718 indicate 
certain material susceptibility to localized forms of corrosion at elevated temperatures, 
which is observed to be in slight correlation with the 𝛿 phase content, as variant 760 with 
the smallest amount of grain boundary 𝛿 precipitates shows the least local corrosion sus-
ceptibility under the tested conditions. 
6.2 Open circuit potential measurements 
Evolution of the open circuit potential of the samples 760 and 870 over large period of 
time (15 hours) was recorded in order to monitor the possible differences in the pas-
sivation behavior of the alloy 718. The tests were conducted under slightly different con-
ditions to those described in chapter 6.1: 90°C, 21 wt.-% NaCl pH=2.3 as opposed to 80°C, 
21wt.-% NaCl pH=2.0. Nevertheless, these deviations are negligible, so that the obtained 
experimental results still can be compared to the ones presented in the chapter 6.1. Meas-
urements were repeated three times for each material variation to ensure the reproduci-
bility of the obtained values. An increase of the open circuit potential over time is observed 
for both heats, Figure 35. The difference of the material performance can be evaluated by 
760 775 800 870 
21% NaCl pH=2 
80 °C 
0.1 mV·s-1 
δ phase content 
Breakthrough Potential, [mVH] 
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the analysis of the potential transients (potential drops), which can be attributed to the 
nucleation of the non-stable pitting sites. From the plots in the presented diagram, Figure 
35, it can be recognized that both material variants demonstrated the transients in the 
similar potential range. This observation indicates a similar nature of the nucleation sites 
for the local corrosion for both heats. However, the 10 hours delay in the occurrence of 
the potential transients suggests that the degradation of the protective passive layer of 
material 760 took place at a slower rate in comparison to the material 870. Thus, it can 
be concluded that under the testing conditions that the variant 760 possesses higher pas-
sivity and resistance to localized corrosion as opposed to the variant 870. 
 
 
Figure 35: OCP measurements of material 870 and 760 in 21% NaCl solution pH=2.3(HCl) 
 
Subsequent to the electrochemical tests the sample surfaces were examined by means of 
light microscopy and SEM in order to identify the sites of localized corrosion. Scanning 
electron microscopy reveal small pitting-like defects with similar appearance on both ma-
terial variants, Figure 36. Local EDX-measurements were carried out to identify the nature 
of this defect points. According to the measurements, those defects appear to be titanium 
and niobium carbonitrides (Ti,Nb(C,N)), Figure 37. 
870 
760 
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Figure 36: Surface examination of the aged alloy 718 after open circuit potential measurements: 
(a) and (b) – material 760; (c) and (d) – material 870 
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(c) (d) 
(a) (b) 
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(b) 
(c) 
(d) 
Figure 37: EDX-measurements on the pitting sites, presented in Figure 36: (a) EDX-spectrum cor-
responding to the Figure 36-a; (b) EDX-spectrum corresponding to the Figure 36-b; (c) EDX-
spectrum corresponding to the Figure 36-c; (d) EDX-spectrum corresponding to the Figure 36-d 
 
Statistical analysis of these defects by means of 3d microscopy (Leica DCM 3D) identifies 
some differences in their shape in regard to the aging procedure. In case of material 870 
they appear to be slightly deeper and wider as compared to material 760, Figure 38. This 
difference can be attributed to the earlier onset of the semi-stable pitting corrosion on the 
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material variant 870, and as a result a longer lasting active corrosion process.  
 
 
Figure 38: Width and depth of the surface defects on aged alloy 718 after open circuit potential 
measurements measured on 10 different pitting sites 
 
The outlined results of electrochemical open circuit potential measurements, carried out 
on the alloy 718 at 90 °C in 21% sodium chloride solution pH=2.3 (HCl), confirm the 
differences in material susceptibility to localized corrosion reported in chapter 4.1.1. How-
ever, the recorded OCP (Open Circuit Potential)-transients demonstrate that the nuclea-
tion of the meta-stable pits occurs in the same potential range for both material variants, 
indicating the same nature of the pits in both cases. SEM observations of the tested samples 
and the EDX measurements performed on the corrosion defects allowed to identify them 
as Ti,Nb(C,N). No corrosion defects could be attributed to the presence of the 𝛿 phase 
precipitations.  
6.3 Electrochemical impedance spectroscopy measurements 
Differences in material passivation behavior with respect to the aging procedure were in-
vestigated by means of electrochemical impedance spectroscopy (EIS) measurements. This 
measurement technique provides the necessary sensitivity to address the question about 
the influence of the aging temperature and hydrogen dissolved in the bulk on the material 
ability to passivate in corrosive electrolytes. Experiments consist of seven single measure-
ments which were performed one after another for the total duration of four hours. Com-
parison of the data obtained in the beginning and at the end of the test sequence allows 
to make a conclusion about passive layer alterations under different testing conditions. 
Two concentrations of sodium chloride solutions (0.5 and 5 wt.-%) acidified to pH 3 by 
addition of hydrochloric acid were used for the study of the hydrogen impact on the pas-
sivation processes. The reduction of the sodium chloride concentration in comparison to 
the previous tests aimed for the higher differentiation of the experimental results and less 
intense corrosion reactions. Bode plots of the experimental data demonstrate the imped-
ance and phase as a function of the potential frequency for samples of material 760 with 
and without hydrogen pre-charging, measured in 0.5 wt.-% and 5.0 wt.-% sodium chloride 
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solution pH 3, Figure 39-a and Figure 39-b. The curves corresponding to the measure-
ments in 5 wt.-% sodium chloride solution can be gained from the annex, Figure 69 and 
Figure 70. Comparison of the impedance curves at the beginning and at the end of the 
measurement series reveals an increase of impedance values measured at 10-2 Hz in both 
cases, indicating the sample surface passivation during the experiment. Introduction of 
hydrogen into the sample leads to the reduction of the polarization resistance immediately 
from the start of the measurement: the impedance curves of hydrogen charged samples 
are below the impedance curves of the samples without hydrogen charging. In case of the 
material 760 this gap becomes smaller, Figure 39-a, suggesting a negligible effect of hy-
drogen on the passivation at the given corrosion conditions. In contrast, the gap between 
the impedance measured for the material 870 with and without hydrogen charging is get-
ting larger with the time, Figure 39-b. 
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Figure 39: Comparison of the Bode plots of EIS measurements (a) material 760 in 0.5% NaCl 
pH=3; (b) material 870 in 0.5 wt.% NaCl pH=3 
 
Comparison of the polarization resistance values measured at the end of the test cycle  in 
a chart diagram point in Figure 40 demonstrates an enhanced detrimental effect of hydro-
gen in case of the material 870. 
 
Figure 40: Polarization resistance measured at 0.01 Hz for material variants 760 and 870 at the 
end of each measurement cycle 
Roughness profile measurements were carried out for each sample to quantify the surface 
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corrosion depth and morphology, Figure 41.  
  
  
  
  
Figure 41: Surface topography profiles of the sample’s surfaces after the EIS measurements 
 
The graphs in Figure 41 represent each 360 roughness profiles, captured on the surface of 
each sample after the EIS measurements. Thus, these profiles can be taken as a character-
istic for the corrosion damage. It can be seen that in the absence of hydrogen both material 
variants show similar degradation extent in both electrolytes. In contrast to that, introduc-
tion of hydrogen to the samples leads to the more distinguishable behavior of the tested 
materials: it is clear that the variant 870 suffered more than 760.  
(a) 
(d) 
(e) (f) 
(g) (h) 
Material 760, 0.5% NaCl pH=3; no H charging 
Material 760, 0.5% NaCl pH=3; H charging 
Material 870, 0.5% NaCl pH=3; H charging Material 870, 0.5% NaCl pH=3; no H charging 
Material 760, 5% NaCl pH=3; no H charging 
Material 870, 5% NaCl pH=3; no H charging 
Material 760, 5% NaCl pH=3; H charging 
Material 870, 5% NaCl pH=3; H charging 
(c) 
(b) 
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6.4 Conclusions to chapter 6 
Presented results correlate with the sample’s surface topography profiles after the EIS 
measurements. Hydrogen charged samples of material 870 exhibit an increase in surface 
roughness caused by corrosion defects (Figure 41 d and h) compared to the not hydrogen-
ated samples (Figure 41 c and g). The surfaces topography profiles of the material 760 on 
the other hand demonstrated no significant difference with respect to the hydrogen pre-
charging.  
The results presented in this chapter indicate certain differences in corrosion behavior of 
the material variants aged at different temperatures. Although the content of the 𝛿 phase 
was one of the most significantly varied microstructural parameters, no direct evidence of 
any correlation between the 𝛿 phase precipitations and nucleation of the corrosion defects 
was found. All the observed corrosion defects, generated on the sample surface during the 
corrosion tests were identified as titanium or niobium carbonitrides by means of EDX-
measurements. At the same time, the results of material characterization presented in 
chapter 5.2.1 state no deviations in the fraction of carbonitrides due to the variation of the 
aging temperature. Thus, the observed differences in electrochemical behavior of the ma-
terial variants 760 and 870 might result from the changes of the oxide layers, formed on 
the surface of the sample as a result of the atmospheric oxidation.  
 
  
 
78 Results of the hydrogen permeability and solubility examination 
7 Results of the hydrogen permeability and solubility examination 
7.1 Hydrogen permeation measurements 
Hydrogen permeation measurements were initially performed on the solution annealed 
samples in order to determine the impact of grain boundary diffusion on the hydrogen 
permeation in the material. The results of the measurements are presented in Figure 42. 
Measured effective hydrogen diffusion coefficients are two orders of magnitude higher 
than those declared in literature, [187], [162], [137], [50]. The reason for this rather 
contradictory result is not entirely clear, but one possible explanation could be the well 
know concentration dependence of the hydrogen diffusion process, which was reported 
by other researchers, [188], [189]. This argument seems to be even more convincing once 
considering the magnitude of the charging current densities, applied in the current exper-
iments for the hydrogen evolution, which happens to be about two orders of magnitude 
higher than those used in other studies. The high charging current density was chosen to 
increase the measurement sensitivity, as it directly impacts the measurement accuracy. 
Another plausible reason for the observed results might be the short-cut diffusion of hy-
drogen along the grain boundaries, which is a known fact in case of nickel, where grain 
boundary diffusion was measured to be significantly higher than the bulk diffusion. The 
obtained results are in agreement with the expectations regarding the correlation of diffu-
sion coefficients with the grain size. The highest diffusion coefficient was measured for the 
fine grained material variant 1030 with an average grain diameter of 50 to 80 µm. In 
contrast to that, material variant 1090 with an average grain diameter of about 220 to 320 
µm revealed the lowest effective diffusion coefficient of 1.4 10-7 cm²/s.  
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Figure 42: Correlation between the grain size and effective hydrogen diffusion coefficients 
 
Additionally, experiments were carried out on the aged samples of alloy 718 to address 
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the impact of the secondary phase precipitates on hydrogen diffusion. As can be seen in 
Figure 43, the presence of secondary phase precipitations led to deceleration of hydrogen 
diffusion within the material in comparison to the annealed material 1030, Figure 43. This 
effect can be attributed to the trapping effect of the precipitations, since the grain size 
remained the same for all the tested samples, Table 4. Material variant 800 with higher 
amount of grain boundary 𝛿 phases and fewer but larger 𝛾′′ phases, revealed the lowest 
hydrogen diffusion coefficient (ca. 1.25 10-7 cm²/s), followed by the material variant 720 
(1.6 10-7 cm²/s) with the amount of 𝛿 phases similar to the variant 1030 and higher frac-
tion of fine 𝛾′′ precipitates. These results appear to be plausible, since the trapping energy 
of 𝛿 phase is slightly higher than the one of 𝛾′′, [137]. Surprisingly, material variant 870 
with the largest amount of 𝛿 phases, observed both on the grain boundaries and within 
the grain, exhibited the effective hydrogen diffusion coefficient comparable to the an-
nealed sample.  
 
Figure 43: Correlation between the microstructure of the nickel base alloy 718 and the effective 
hydrogen diffusion coefficients 
 
This observation could be explained when assuming that the hydrogen permeation transi-
ents recorded in this study could be assigned primarily to the diffusion along the grain 
boundaries, whereas the bulk diffusion gives a negligible contribution to the measured 
signal. Then the hydrogen propagation through the different heats of alloy 718 could be 
schematically described with the pictograms presented in Figure 44. In the absence of any 
precipitations on the grain boundary, hydrogen propagates rather quickly along the large 
inner surface given by the grain boundaries, Figure 44-a. The presence of the secondary 
phase precipitations would naturally slow down the hydrogen diffusion speed, proportion-
ally to the magnitude of the binding energy of the precipitations, Figure 44-b and Figure 
44-c. Large 𝛿  phases however, might create alternative inner surfaces for hydrogen 
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shortcut diffusion path and therefore accelerate the overall hydrogen diffusion in compar-
ison to the material with the lower content of grain boundary 𝛿 phases, Figure 44-d.  
 
 
 
 
 
 
 
 
Figure 44: Proposed hydrogen transport mechanism in alloy 718 in the presence of different phase 
precipitations: (a) hydrogen diffusion along the grain boundaries in the solution annealed mate-
rial; (b) hydrogen diffusion along the grain boundaries in the variant 720; (c) hydrogen diffusion 
along the grain boundaries in the variant 800; (d) hydrogen diffusion along the 𝛿/matrix interfaces 
in the variant 870 
 
It is worth mentioning that aside from the material microstructure, the recorded hydrogen 
permeation transients might be as well influenced by the oxide layers formed on the sur-
face of the samples entry side during the atmospheric oxidation, as they are well known 
to impede hydrogen diffusion processes. However, these oxide layers are supposed to be 
reduced due to the polarization in the cathodic range, applied for the hydrogen evolution 
reaction. Thus, the impact of this layers on the obtained results can be assumed to be 
negligible.  
 
7.2 Hydrogen solubility measurements 
Differences in the microstructure of the material heats cause slight deviations in the 
amount of the measured hydrogen, Figure 45. However, considering the detection limit of 
0.01 ppm, these differences in total hydrogen content can be assumed as significant. The 
obtained values of the dissolved hydrogen appear to be lower than reported in the litera-
ture, [80]. This deviation might be attributed to the significant differences in the temper-
ature regime of the applied charging procedure (150 °C versus 23 °C chosen in this work). 
(a) (b) 
(d) (c) 
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The lowest hydrogen content is obtained for the annealed samples, whereas the highest 
amount of dissolved hydrogen is observed for the material variant aged at 800 °C. These 
observations are in agreement with previous conclusions, since hydrogen concentration 
seems to increase along with the increment in the fraction of the secondary phase precip-
itations. 
 
Figure 45: Hydrogen content measured in alloy 718 aged at different temperatures 
 
Since 𝛾′ + 𝛾′′ and 𝛿 precipitates represent reversible trapping sites for hydrogen, a varia-
tion of material microstructure regarding their size and density is expected to affect the 
hydrogen solubility in the material. As the 𝛾′ + 𝛾′′/matrix and 𝛿/matrix interfaces can be 
assumed to be the most favorable sites for hydrogen trapping, the concentration of stored 
hydrogen is expected to depend on the size of the interface areas. To reassess this hypoth-
esis, measured hydrogen contents were plotted in regards to the factor of interface, esti-
mated according to the equation given in (15). 
S = 2π𝑎 ∙ (𝑎 +
𝑏2
√𝑎2−𝑏2
∙ 𝑙𝑛 (
𝑎+√𝑎2−𝑏2
𝑏
)) ∙ 𝜃, 
𝜃 =
𝑁𝛾′+𝛾′′
𝑛𝑚²
 
(15) 
Assuming that the alteration of the precipitation size does not influence their coherency, 
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the amount of stored hydrogen is expected to linearly increase along with the interface 
𝛾′ + 𝛾′′/matrix. It is evident from the diagram on Figure 46 that all the investigated ma-
terial (except for 720-8) variants reveal this proportionality. 
 
 
Figure 46: Correlation between the hydrogen content and the 𝛾′ + 𝛾′′/matrix interface 
  
7.3 Conclusions to chapter 7 
Comparing the measured hydrogen contents to the estimated values of effective hydrogen 
diffusion coefficients, it is evident that the measurements demonstrate a certain correla-
tion. For instance, the solution annealed variant with the highest effective diffusion coef-
ficient demonstrates the lowest hydrogen solubility among the tested material heats. The 
same observation can be made for the material variants 720 and 800: in both cases hydro-
gen solubility appears to be inversely proportional to the measured diffusion coefficients. 
Therefore, the reduction in hydrogen propagation speed observed for aged specimens of 
alloy 718 could be attributed to the trapping effect of the secondary phase precipitates.  
The results presented in this chapter illustrate that the phenomena of hydrogen diffusion 
as well as hydrogen solubility in alloy 718 are surely influenced by the physical metallurgy 
of the material. The obtained values of effective hydrogen diffusion coefficients imply the 
preferential hydrogen diffusion along grain boundaries (as opposed to the bulk) and its 
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trapping on the secondary phase precipitates. Further, the observed trends confirm the 
results of the previous findings, which suggested the binding energy of the 𝛿 phase to be 
slightly higher than that of 𝛾′ + 𝛾′′ precipitates.  
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8 Examination of hydrogen embrittlement susceptibility 
The impact of the aging temperature on the hydrogen embrittlement (HE) susceptibility 
of alloy 718 was investigated via tensile tests at a constant displacement rate, which were 
performed on the round notches samples as described in chapter 4.3. As it was stated in 
chapter 2.3 material degradation due to the stress corrosion cracking is often supported 
by hydrogen embrittlement damage mechanism. Thus, examination of the possible corre-
lations between the material microstructure and its susceptibility to hydrogen embrittle-
ment might provide an important insight for the metallurgic improvement of the material 
performance.  
8.1 Tensile tests at a displacement rate (0.2 mm/h) under simultaneous cathodic 
hydrogen charging 
Tensile tests conducted at a displacement rate of 0.2 millimeter per hour can be considered 
as rather fast, especially when taking into account the low hydrogen diffusivity in alloy 
718. Representative curves for the alteration in tensile force and the sample elongation 
recorded during the test for each of the investigated material heats are presented in Figure 
47. Due to the chosen sample geometry, sample elongation during the experiment was 
measured by means of crosshead travel signal obtained from the tensile testing machine. 
 
Figure 47: Tensile force - elongation curves of different alloy 718 heats obtained during SSR tests 
(displacement rate 0.2 mm/h) in air at 23°C (green lines) and under simultaneous hydrogen 
charging (30 mA/cm² in 1.0 M (NH4)2SO4 at 23°C) (red lines) 
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The curves obtained in air demonstrate an agreement with the expected material behavior 
based on the hardness measurements: an overaged heat 870 exhibits the largest sample 
elongation, whereas the hardest (>43 HRC) double-step aged material yielded at the high-
est tensile force and the smallest elongation. Simultaneous hydrogen charging performed 
during the tensile testing leads to the reduction of both tensile force and the total sample 
elongation. However, as the material ranking remains to be the same in terms of the yield-
ing tensile force, the total elongation of the samples reveals the opposite trend. The spec-
imens of the overaged material 870 now exhibits both lowest yield force and elongation 
whereas the hardest material 720+620 demonstrates only minor performance alteration 
in the presence of hydrogen. The calculated hydrogen embrittlement (HE) coefficients 
presented in the chart diagram in Figure 48, quantify the observed trend. At first sight, the 
results presented on the diagram imply a rising HE susceptibility of the alloy 718 which 
goes along with the increase in the aging temperature. The estimated content of the grain 
boundary 𝛿 phase of the material heats 720+620 and 760 is the same, yet there is a sig-
nificant difference in the material performance. Therefore, the difference in the material 
performance cannot be attributed to the grain boundary 𝛿 phase alone. 
 
 
Figure 48: Hydrogen embrittlement susceptibility of aged alloy 718 in regards to the heat treat-
ment temperature estimated via SSR tests at the displacement rate of 0.2 mm/h 
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Secondary electron microscopy observations of the fracture surfaces indicated a combina-
tion of the dimpled ductile fracture mode in the center of the specimen and a brittle ring 
facing the outer sample’s surface, Figure 49. 
   
Figure 49 a) Fracture surface of the double-step aged alloy 718 (720+620), failed due to the 
tensile test with a constant displacement rate (0.2 mm/h) under simultaneous cathodic hydrogen 
charging (30 mA/cm² in 1 M (NH4)2SO4) at 23°C; (b) detailed view of the center area; (c) detailed 
view of the brittle area, marked with the red ring 
 
Detailed examination of the fracture surfaces by means of SEM revealed variation of the 
width of the brittle outer ring among the chosen material heats, Figure 50. Comparing the 
SEM micrographs presented in Figure 50 – a), c), e) it can be stated that the width of the 
outer brittle ring expands according to the sequence 720+620 / 760 / 870 and matches 
the extent of plastic scope of the corresponding material in the diagram presented in Fig-
ure 47. Also double-step aged and overaged materials demonstrated higher portion of 
transgranular fracture mode (Figure 50-b and Figure 50-f) as opposed to the prevalent 
intergranular fracture mode and rather smooth grain surfaces observed on the fracture 
surface of the heat 760, Figure 50 - d. 
 
  
a) b) c) 
b) 
281 µm 
290 µm 
394 µm 225 µm 
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281 µm 
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Figure 50: SEM micrographs of fracture surfaces of alloy 718 yielded in SSR tests at a displacement 
rate 0.2 mm/h under simultaneous hydrogen charging (30 mA/cm² in 1 M (NH4)2SO4 at 23°C): 
a), b) – material variant 720+620 – an overview and detailed view; c), d) – material variant 760 
– an overview and detailed view; e), f) – material variant 870 – an overview and detailed view 
 
8.2 Tensile tests at displacement rate (0.2 mm/h) performed on the precharged 
specimens 
The results obtained on the specimens of material heats 760 and 870, charged with hy-
drogen for 14 days prior to the tensile tests at displacement rate 0.2 mm/h are presented 
in comparison to the simultaneously charged samples tensioned at the same conditions, 
Figure 51. The change in the hydrogen charging mode significantly changed the material 
behavior: only minor reduction in the magnitude of the tensile force and no reduction of 
the sample could be observed for the precharged specimens.  
d) c) 
e) f) 
697 µm 
615 µm 
483 µm 
652 µm 
707 µm 
670 µm 
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Figure 51: Tensile force - elongation curves of different alloy 718 heats obtained during SSR tests 
(displacement rate 0.2 mm/h) in air at 23°C (green lines) and under simultaneous hydrogen 
charging (30 mA/cm² in 1.0 M (NH4)2SO4 at 23°C) (red lines) in comparison to the ex-situ charged 
specimens (dashed blue lines) 
 
Examination of the specimens fracture surfaces via SEM revealed similar arrangements of 
the brittle and ductile fracture modes as presented in Figure 49. Yet the width of the outer 
brittle ring appears to be significantly smaller: ca. 100 µm in comparison to ca. 600 µm 
for the heat 760 and about 220 µm in comparison to ca. 800 µm for 870, Figure 52. Fur-
thermore, the observed fractures are mostly transgranular with minor intergranular fea-
tures.  
  
Figure 52: SEM micrographs of fracture surfaces of the aged alloy 718 specimens, precharged with 
hydrogen for 14 days and tested in a tensile test at displacement rate 0.2 mm/h in air at 23°C: a) 
detailed view of the outer ring for material 760; b) detailed view of the outer ring for material 870 
100 µm 
(a) (b) 220 µm 
760 Air 
870 Air 
870 H 
720+620 H 
760 H 
870 (14 d charging) 
720+620 Air 
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8.3 Tensile tests at slow displacement rate (0.02 mm/h) under simultaneous ca-
thodic hydrogen charging 
The results of the tensile tests carried out at a slower displacement rate (0.02 mm/h) 
under simultaneous cathodic hydrogen charging are demonstrated in Figure 53. In addi-
tion to the variants 720+620, 760 and 870, material heats 775 and 800 were investigated 
to address the question of the role of the grain boundary 𝛿 phase precipitate in the HE 
failure mechanism.  
As expected, samples with the highest hardness (ca. 43 HRC) yield at the highest tensile 
force. However, this time its total elongation is comparable to less hard material heats, 
such as material variants 760 or 800. Samples of material 760 reached notch strength level 
similar to 775, although yielded at slightly reduced elongation. Simultaneous cathodic 
hydrogen charging of the tensile samples resulted in a distinct differentiation of the mate-
rial performance in regards to the microstructure variation. Surprisingly, the material heat 
760, with the second highest hardness among the chosen material variants, yields at a 
lower tensile force than the less hard material 775.  
 
 
Figure 53: Tensile force - elongation curves of different alloy 718 heats obtained during SSR tests 
(displacement rate 0.02 mm/h) in air at 23°C (green lines) and under simultaneous hydrogen 
charging (30 mA/cm² in 1.0 M (NH4)2SO4 at 23°C) (red lines) 
 
A comparison of the HE values for each material heat reveals the impact of the aging 
temperature on the hydrogen embrittlement susceptibility of the material, Figure 54.  
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Figure 54: Hydrogen embrittlement susceptibility of aged alloy 718 in regards to the heat treat-
ment temperature 
 
The calculated coefficients of hydrogen embrittlement susceptibility demonstrate no cor-
relation with the estimated amount of 𝛿 phase or with the material hardness, which is in 
agreement with the previous observations. The material with the highest hardness and 
lowest amount of grain boundary 𝛿 phase showed the lowest susceptibility to hydrogen 
embrittlement, followed by the material 775 with an increased amount of 𝛿. On the other 
hand, the highest hydrogen embrittlement susceptibility was observed for material vari-
ants 760 and 870 with the small and large amount of 𝛿 precipitates (0.16 to >>1 particles 
per micrometer of the grain boundary).  
The arrangement of the ductile and brittle fracture modes was observed to be the same as 
for the specimens tested at a higher displacement rate reported in chapter 8.1, Figure 55.  
   
Figure 55: (a) Fracture surface of the aged alloy 718 specimen (775), failed due to the SSR test 
(0.02 mm/h) under simultaneous cathodic hydrogen charging (30 mA/cm² in 1 M (NH4)2SO4) at 
23 °C; (b) detailed view of the center area; (c) detailed view of the brittle area, marked with red 
color in (a) 
Fractographic analysis of the brittle area indicated a mixture of intergranular (IG) and 
𝛿 phase 
(a) (b) (c) 
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transgranular (TG) fracture modes in all the tested material heats, Figure 56.  
 
  
  
  
(a) 
(c) (d) 
(e) (f) 
(b) 
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Figure 56: SEM micrographs of the alloy 718 samples yielded in the tensile test at a displacement 
rate 0.02 mm/h under simultaneous hydrogen charging (30 mA/cm² in 1.0 M (NH4)2SO4 at 23°C) 
: (a) and (b) – 720+620; (c) and (d) – 760; (e) and (f) – 775; (g) and (h) – 800; (i) and (j) – 870 
 
It is well known that alloy 718 deforms by planar slip mode when subjected to a monotonic 
tensile load at room temperature. Formation of arrays of Dislocation Slip Bands (DSB) on 
{111} slip planes was observed on the fracture surfaces of all the material heats, tested in 
air at a displacement rate of 0.02 mm/h, Figure 56. These observations are in agreement 
with the other reports available for this material, [48], [166], [87]. The appearance of 
these structures is believed to be a result of a shear localization along the {111} planes, 
intensified by the slow tension. In the presence of hydrogen the observed DSBs become 
more distinct and parallel to each other, Figure 56. Nano-voids formed at the intersection 
of the DSBs were observed for all the material variants, suggesting the HELP to be the 
main failure mechanism. On the other hand, the SEM micrographs of the longitudinal 
section of the material 870 demonstrate the change in the fracture mode from IG to TG in 
the presence of the 𝛿 phase, as a result of the HEDE mechanism, Figure 57-b.  
(g) (h) 
(i) (j) 
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Figure 57: Longitudinal section of round tensile notched sample of the material 870, yielded in 
the tensile test at a displacement rate 0.02 mm/h under simultaneous hydrogen charging (30 
mA/cm² in 1.0 M (NH4)2SO4 at 23°C) 
 
8.4 Visualization of the hydrogen path on the fracture surface of the tensioned spec-
imen (0.02 mm/h) under simultaneous hydrogen charging 
To address the discrepancies regarding the width of the brittle areas on the fracture sur-
faces of samples with in-situ and ex-situ hydrogen charging, hydrogen visualization by a 
silver decoration technique was carried out on one of the samples of the heat 870 after it 
was tested at a displacement rate of 0.02 mm/h under simultaneous hydrogen charging.  
The results of this experiment are presented in Figure 58 and Table 7.  
 
  
(a) (b) 
(a) (b) 
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Figure 58: Hydrogen visualization by means of silver decoration carried out on the fracture surface 
of the material variant 870 tensioned at a displacement rate of 0.02 mm/h under simultaneous 
hydrogen charging (30 mA/cm² in 1.0 M (NH4)2SO4 at 23°C): a) – an overview; b) EDX-spectrum 
recorded for the position Nr. 1; c) EDX-spectrum recorded for the position Nr. 2; d) EDX-spectrum 
recorded for the position Nr. 3 
 
Table 9: Particulars to the EDX-spectra presented in Figure 58 
 Concentration of the chemical element in wt.-%  
Pos. C Al Ti Cr Fe Ni Nb Mo Ag Sum 
1 46.22 11.94 0.51 8.18 7.05 15.58 1.01 1.09 8.52 100 
2 27.70 1,31 0.85 11.68 11.07 23.05 1.71 1.78 20.85 100 
3 13.17 0.65 0.84 16.50 14.45 45.59 5.12 3.36 0.33 100 
 
The largest amount of deposited silver was detected on the notch flank, indicating an in-
tensive hydrogen absorption in the surface layer during the experiment, Figure 58-b and 
Figure 58-c. However, on the fracture surface itself EDX-measurements indicated minor 
amounts of silver only in the area within the range of 20 µm from the sample surface 
which corresponds to the grain diameter of the chosen material variant, Figure 58-d. Tak-
ing into account that the width of the brittle ring amounts to about 800 µm, it can be 
stated that the bulk hydrogen most likely did not make a major contribution to the failure 
mechanism. This conclusion leads to the assumption of hydrogen transport by moving 
dislocations as the main diffusion mechanism.  
8.5 Conclusions to chapter 8 
Summarizing the results outlined in the present chapter, it can be said that all of the tested 
material variants revealed a certain sensitivity to HE under chosen experimental condi-
tions. According to the calculated coefficients of HE susceptibility, the material perfor-
mance does not strictly correlate with its hardness or with the amount of grain boundary 
𝛿 phases. Fracture surface documentation was carried out on the hydrogenated samples 
using SEM. Without any exception, all the material variants revealed ductile micro-void 
coalescence mode in the center section of the fracture surface and features characteristic 
for the intergranular and transgranular cracking, located in the outer ring section of the 
(c) (d) 
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fracture surface. Detailed SEM examination performed on the intergranular areas of the 
brittle sections of all the material heats revealed slip traces attributed to the arrays of DSB. 
Nano-voids formed at the intersection of the DSBs were observed for all the material var-
iants, suggesting the HELP to be the main failure mechanism. The results of the hydrogen 
visualization experiment performed on the fracture surface of the material 870 support 
this hypothesis by emphasizing the role of dislocation movement in the process of hydro-
gen diffusion. SEM observations of the longitudinal section of the material 870 indicate a 
change of the crack path from intergranular to transgranular mode in the vicinity of the 𝛿 
phase as a result of HEDE mechanism.  
Both HEDE and HELP mechanisms should be considered to explain the hydrogen assisted 
failure of the alloy 718. The susceptibility of the material is rather correlated with the size 
and the density of the secondary phase precipitates than with the measured material hard-
ness.  
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9 Discussion 
The experimental results presented in the previous four chapters confirm the strong de-
pendency of the aging procedure for superalloy 718 on its overall corrosion behavior.  
Measurements via Scanning Kelvin Probe Force Microscopy revealed the differences in 
surface potential between the matrix and intermetallic inclusions such as titanium and 
niobium carbonitrides (Ti, Nb (C,N)) and 𝛿 phases to be in the range of 150, 100 and 50 
mV, respectively. Thus, these precipitations can be expected to act as a galvanic element 
and to represent the sites of the preferential localized corrosion attack.  
Furthermore, similar potential range for the metastable pit growth observed for different 
material heats during the long term open circuit potential (OCP) measurements on mate-
rials 760 and 870 indicates the same nature of the localized corrosion elements and there-
fore supports the above stated hypothesis. The SEM and EDX examinations of the samples 
after the corrosion experiments demonstrated pit initiations taking place in the vicinity of 
titanium and niobium carbonitrides in case of both material variants. However, no evi-
dence could be found to support the theory of a galvanic corrosion occurring on the ma-
trix/𝛿 phase interface. Since the fraction of carbonitrides is not influenced in the aging 
temperature range and it is the amount of the 𝛿 phase that is of significant difference in 
the tested material variants, these observation can be regarded as rather contradicting.  
On the other hand the potentiodynamic scan measurements performed on the materials 
heated in the temperature range between 760 and 870 °C demonstrate significant differ-
ences in their corrosion performance, which was evaluated by comparison of the break-
through potentials. These deviations in corrosion behavior can also be attributed to the 
structural differences in the oxide layers, which were observed by means of X-ray photoe-
lectron spectroscopy (XPS)-measurements performed on material heats 760 and 870. The 
dependence of the material sensitivity on the pH value of the corrosive electrolyte indi-
cated during potentiodynamic scan measurements implies the importance of the pas-
sivation process on the overall performance of the superalloy 718, as the amount of hy-
dronium ions mostly affects the course of the cathodic partial reaction.  
Summarizing the results regarding the examinations on the dependency of the corrosion 
behavior on the microstructure, it can be concluded that titanium and niobium carboni-
trides are most likely the root cause of the material corrosion degradation. Yet the ob-
served differences in the material behavior must arise from the variations in the passive 
film structure and consequently the material’s capability to passivate. Examinations of the 
passivation behavior of superalloy 718 carried out via electrochemical impedance spec-
troscopy (EIS) demonstrate a significant reduction of the passivation capability in the pres-
ence of hydrogen dissolved in the bulk of the material. It was shown that the passive layer 
  
 
Discussion 97 
of the heat aged at higher temperature (870) loses its protective features faster, than that 
of the heat 760. It is conceivable that the depletion of the protective properties due to the 
hydrogen absorption may be a key factor for the degradation mechanism in hydrogen con-
taining aggressive environments. 
The microstructure of superalloy 718 is also found to influence the hydrogen diffusivity 
and solubility in the material. Hydrogen effective diffusion coefficients measured by means 
of electrochemical hydrogen permeation experiments on the samples with various grain 
sizes showed an inverse proportionality to the average grain size. This observation sup-
ports the hypothesis of the hydrogen short-cut diffusion path along the grain boundaries 
of nickel base alloy 718. This kind of hydrogen diffusion behavior is similar to the phe-
nomenon observed in pure nickel specimens. Hydrogen permeation experiments carried 
out on the aged samples of alloy 718 demonstrated the trapping effect of the secondary 
phase precipitates such as 𝛾′ + 𝛾′′ and 𝛿. As the precipitation of carbonitrides is not ex-
pected to vary in the aging temperature range, all the differences in the hydrogen perme-
ation behavior can be associated with the changes in the secondary phase precipitation 
size and volume fraction. Acknowledging the fact that hydrogen diffusion in nickel base 
alloy 718 occurs primarily along the grain boundaries, it can be assumed that hydrogen 
trapping would take place on the grain boundary precipitates. These experiments are 
found to be in agreement with hydrogen contents obtained on the samples with various 
precipitation morphology by means of carrier gas hot extraction measurements. Measured 
hydrogen contents appear to be in correlation with the matrix/precipitation surface inter-
face and thus confirm the abovementioned hypothesis.  
The experimental results on the HE susceptibility of the nickel base alloy 718 reveal the 
general sensitivity of the material to the HE. Significant differences in material behavior 
observed during tests on the precharged versus in-situ charged specimens suggest that the 
major amount of hydrogen is dragged to the grain boundaries by moving dislocations. 
Fracture surfaces of the samples tested in air demonstrate the localization of the plastic 
strain in the slip bands during deformation of the alloy 718. Thus, the total amount of 
hydrogen transported to the grain boundaries by moving dislocations should be propor-
tional to the number of dislocations situated within the slip band, [190], which after Blank-
enship et al. [191] should follow the relationship given in (16). 
𝑁 = 𝑉1/2𝑟1/2𝐿
𝐶𝑝
𝐶𝐵𝑏
 (16) 
Where V is the volume fraction of shearable precipitates, r is the middle radius of the 
shearable particle, L is the slip length which can be estimated by the middle grain diame-
ter, b is the burgers vector, and 𝐶𝑝 and 𝐶𝐵 are related to the APB and the matrix shear 
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modulus. Since the 𝐶𝑝, 𝐶𝐵 and 𝑏 are assumed to be identical for the different heats of the 
same material ingot and L is not affected by the aging temperature, all the differences in 
the number of dislocations, situated within one slip band in case of the chosen material 
variants should result from the variation of the volume fraction and the average radius of 
the strengthening phases, i.e. 𝛾′ + 𝛾′′. Thus, a specific number of dislocations within one 
slip band, N* can be introduced as  
𝑁∗ =
𝑁
𝐿 ∙
𝑐𝑝
𝑐𝑏 ∙ 𝑏
= 𝑉1 2⁄ ∙ 𝑟1 2⁄  
 
Figure 59: Correlation between the HE susceptibility coefficient and the morphology of the 
strengthening phase precipitates 
 
Plotting the estimated HE susceptibility coefficients over N*1 shows the expected inverse 
correlation and thus supports the suggested hypothesis. For a given chemical composition, 
the hydrogen embrittlement susceptibility of nickel base alloy 718 is inversely proportional 
to the square root of the product of the average size and the volume fraction of the 
strengthening phase precipitations. Thus, it is the morphology of the strengthening phases 
but not the hardness (as suggested in the specification API 6ACRA) that influence the 
performance of super alloy 718 under simultaneous hydrogen charging. 
                                                                
1 The data for the materials 760 and  870 were obtained using the values given in [194] 
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10 Summary and outlook 
Improvement of the material performance in severe corrosion environments is only possi-
ble on provision of the optimal microstructure. The knowledge about interactions between 
corrosive environments and the material microstructure is essential for this purpose. How-
ever, available data on the corrosion resistance of alloy 718 in respect to the variation of 
its microstructure revealed the lack of systematic analysis. To fill this gap, following ob-
jectives were set and achieved within the framework of this research project, Table 10. 
Table 10: Outline of the main research objectives of this work 
Research objective 1:  
Characterisation of the material properties in regards to the aging procedure 
 It was possible to quantitatively characterize the material microstructure in regards to 
the content of 𝜹 phase, size and fraction of 𝜸′ + 𝜸′′ precipitates 
 Local potential differences between the matrix and secondary phase precipitates (𝜹 
phase and Ti,Nb(C,N)) were successfully measured via SKPFM 
 Qualitative differences in the oxide film structures of the different material variants 
could be detected by means of XPS measurements 
 The decrease of materials strength and hardness with the increasing age hardening 
temperature, caused by the coarsening of the strengthening 𝛾′ + 𝛾′′ precipitates was 
documented 
Research objective 2:  
Evaluation of the interaction between the material microstructure and its corrosion resistance 
 Slight correlation between the age hardening temperature and material corrosion 
resistance was identified 
 Impact of the alloy microstructure on the hydrogen diffusivity and solubility was 
identified 
 Synergistic interactions between the hydrogen, dissolved in the microstructure of al-
loy 718 and the material corrosion resistance were studied in regards to the material 
microstructure 
 Hydrogen embrittlement susceptibility of alloy 718 was evaluated in regards to the 
material microstructure 
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The original contribution to knowledge of this work is linking of the heat treatment de-
pendent properties of alloy 718 with the course of action of the particular damage pro-
cesses representing single sub processes of the material degradation due to the SCC, Figure 
60. 
 
 
 
Figure 60: Proposed damage mechanism for alloy 718 
 
Considering the experimentally obtained data on the material performance regarding its 
microstructure, the observed differences in corrosion behavior could be attributed to the 
alterations of the oxide layers structure caused by the variation of the aging temperature. 
760 870 
Impeded repassivation ⇄ enhanced hydrogen adsorption 
Hydrogen adsorption 
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Local damage of the protective film would lead to an increased hydrogen adsorption and, 
as a result, impeded re-passivation capability of the material. This in turn would further 
increase the hydrogen adsorption, and so on. In the presence of local plastic deformation, 
the adsorbed hydrogen interacts with dislocations according to the HELP theory, causing 
the material to fail at a reduced elongation. The experimental observations evidence for 
the 𝛿 phase and carbonitrides contribution to HEDE failure mechanism. Therefore, it can 
be recommended to adjust the manufacturing process in order to reduce the amount of 
these precipitates. Further, HE susceptibility coefficients were found to be in a strong cor-
relation with the morphology of the 𝛾′ + 𝛾′′phase precipitates. Although the double-step 
aged material 720+620 would not pass the restrictions of the NACE MR0175 specification 
due to its hardness, the hydrogen embrittlement susceptibility of this heat was measured 
to be the lowest among all the tested material variants. Thus, a revision of the specification 
might be worth consideration.  
 
Based on the findings following directions for the future research might be suggested: 
 Formation of the passive and reaction layer on the material surface depending on 
the chosen aging temperature and their interactions with hydrogen 
 Effects of the size and volume fraction of the strengthening phase precipitation on 
the localization of the shear stress in the slip bands and their interaction with hy-
drogen. 
For the first point, a systematic study of the oxide layers by means of Secondary Ion Mass 
Spectrometry complemented by Atom Probe Tomography measurements would probably 
be the most promising approach. As regards for the reaction layer, i.e. the salt film, built 
on the metal surface due to the chemical reaction of the oxide layer with the corrosive 
environment, there are some reports of the successful deployment of the Auger electron 
spectrometry for this purpose, [192].  
Microscale tensile tests on the hydrogenated samples performed under in-situ microscope 
observations similar to [193] or in-situ electrochemical nanoindentation experiments 
[194] might provide the necessary insight about the interaction processes between the 
strengthening intermetallic phases, dislocations and hydrogen. Further, the recent exper-
iments on the strengthening mechanism by 𝛾′ + 𝛾′′phases imply certain alteration pro-
cesses resulting from the dislocation cutting and the consequent localization of the shear 
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stress. The results of this work emphasize the importance of the shear stress localization 
and planar slip for the degradation mechanism of alloy 718. Since the width of slip bands 
is believed to depend on the microstructural features [195], a systematic study of the slip 
band width alteration might be helpful for the understanding of degradation mechanisms 
in correlation with the material microstructure. 
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Figure 61: Light microscopy micrograph of the material variant 760. Carbonitrides Ti,Nb(C,N) are 
highlighted in green. 
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Figure 62: Light microscopy micrograph of the material variant 870. Carbonitrides Ti,Nb(C,N) are 
highlighted in green. 
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Figure 63: Optical microscopic micrographs of the aged alloy 718 – aging temperature has no 
influence on the grain size of the material: a) 1032; b) 760; c) 870; d) 800; e) 750; f) 720+620 
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Figure 64: EDX-analysis of the microstructure peculiarities of aged alloy 718: exemplary measure-
ments performed on the material variant 760 
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Table 11: Summary of the EDX-analysis measurements corresponding to the results presented in 
Figure 64 
Site Nr. C Al Ti Cr Fe Ni Nb Mo Sum 
1 10.676 0.549 0.885 17.122 15.217 47.477 5.199 2.953 100.000 
2 5.312 0.482 0.889 17.884 15.617 50.846 5.808 3.162 100.000 
3 4.239 0.596 0.928 17.904 16.271 51.356 5.509 2.762 100.000 
4 20.410 0.000 4.453 0.000 0.000 1.488 73.649 0.000 100.000 
5 16.862 0.000 4.370 4.112 3.530 10.987 60.140 0.000 100.000 
6 26.269 0.000 4.695 0.000 0.000 1.248 67.788 0.000 100.000 
7 15.745 0.000 3.127 10.395 8.426 24.823 37.484 0.000 100.000 
8 15.756 0.000 5.396 8.413 7.039 21.271 41.867 0.000 100.000 
9 18.396 0.000 3.846 8.924 7.604 21.753 39.476 0.000 100.000 
10 15.677 0.000 63.600 0.734 0.000 0.752 19.236 0.000 100.000 
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Figure 65: EDX-analysis of the microstructure peculiarities of aged alloy 718: exemplary measure-
ments performed on the material variant 870 
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Table 12: Summary of the EDX-analysis measurements corresponding to the results presented in 
Figure 64 
Site Nr. C Al Ti Cr Fe Ni Nb Mo Sum 
1 4.495 0.495 0.904 18.259 16.512 50.042 5.422 3.870 100.000 
2 3.239 0.679 1.256 18.552 15.938 51.601 6.242 2.492 100.000 
3 4.029 0.545 1.094 17.811 15.859 50.468 5.874 4.319 100.000 
4 19.308 0.000 3.874 0.650 0.000 1.156 74.462 0.550 100.000 
5 13.331 0.651 2.036 13.791 12.013 33.937 22.268 1.972 100.000 
6 15.436 0.337 2.942 11.165 9.897 28.135 32.088 0.000 100.000 
7 8.659 0.344 0.829 17.488 11.484 30.461 15.224 14.815 100.000 
8 17.552 0.442 0.964 13.730 12.205 43.303 8.391 3.413 100.000 
9 5.389 0.575 1.104 17.064 15.584 51.273 6.630 2.380 100.000 
10 6.258 0.468 1.041 16.634 13.558 50.105 8.654 3.282 100.000 
11 5.925 0.000 74.720 0.809 0.000 0.844 17.701 0.000 100.000 
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Figure 66: BSE micrographs of aged nickel base alloy 718 for the estimation of the 𝛿 phase content 
for the heat 800 
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Figure 67: SEM and EDX documentation of the samples for the SKPFM-measurements 
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Figure 68: SEM and EDX documentation of the samples for the SKPFM-measurements 
 
 
Figure 69: Comparison Bode plots of EIS measurements of material 760 in 5% NaCl pH 3 
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Figure 70: Comparison of Bode plots of EIS measurements of material 870 in 5% NaCl pH=3 
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Figure 71: XPS-spectra of alloy 718 
 
 
Figure 72: Sample geometry for the tensile tests 
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Figure 73: Notch tensile samples for hydrogen embrittlement tests 
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Figure 74: SEM micrographs of the alloy 718 samples after the tensile tests in air (0.02 mm/h): 
(a) and (b) – material 720+620; (c) and (d) – material 760; (e) and (f) – material 775; (g) and 
(h) – material 800; (i) and (j) – material 870 
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